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We formulate a novel methodology called the regularized Green’s function method for dislocations (RGFMD)
for determining the continuum elastic fields of a dislocation at the lattice scales. RGFMD utilizes the quantum
mechanical force density (QMFD) to represent atoms within the elastic media without creating any singularities
in the elastic fields. QMFD is related to the electron wave functions, which is a fundamental result of density
functional theory (DFT) calculations. RGFMD solves the force equilibrium equation where QMFD is used to
represent atomic displacements via computationally efficient Fourier transforms. The quasiperiodic nature of
dislocations is accounted for by introducing the periodic images of individual atoms along the dislocation line.
The advantage of RGFMD over existing classical elasticity solutions and atomistic simulations for dislocations
is threefold. First, RGFMD guarantees the production of well-behaving bounded elastic fields, whereas classical
elasticity frameworks diverge at the dislocation core. Second, classical elasticity frameworks are built upon the
assumption of plane strain conditions, which limits their ability to realistically capture variations in the elastic
fields along the dislocation line. RGFMD accurately accounts for the local atomic configuration and does not
imply simplifying conditions such as plane strain. Third, atomistic calculations can report elastic quantities such
as displacements only at the lattice sites, which precludes their full integration with well-established continuum
field theories. RGFMD bridges this gap between atomistic and continuum theories by mapping out continuum

elastic fields using the discrete displacement data provided by DFT calculations.
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I. INTRODUCTION

Dislocations have been shown to affect numerous material
properties that are vital for engineering applications. Such
material properties include, but are not limited to, material
strength [1-11], ductility [12], fatigue resistance [13-17],
electrical conductivity [18-21], diffusivity [22], hydrogen em-
brittlement resistance [23,24], and quantum spin coherence
[25]. These properties play a crucial role in applications rang-
ing from structural applications to quantum computing and
information. Past research has shown that these properties
are affected by the elastic interactions between dislocations
and other dislocations [5,26-28], point defects [29-31], and
interfaces [32-35] in crystals. Traditionally, there have been
two approaches to investigate the dislocations’ elastic fields
and interactions.

Dislocations are modeled as continuum elastic fields
through anisotropic elasticity solutions. The state-of-the-
art solutions for dislocation elastic fields are given by the
Eshelby-Stroh (ES) formulation [36-38]. Even though ES
formulation provides accurate information about the disloca-
tion’s displacement field in the long-range regime, it diverges
at the core of the dislocation due to the assumption of
applied point load at the dislocation line. It has been con-
ventional to disregard the effect of the core’s elastic field in
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elasticity calculations [39]. Moreover, the plane strain as-
sumption implies that any variations in elastic fields along
the dislocation line are disregarded [see Fig. 1(a)]. Hence,
obtaining a full picture of elastic characteristics of disloca-
tions requires one to accurately model the elastic fields within
the core. The Peierls-Nabarro (PN) model for dislocations
is proposed to mathematically remove the singularity at the
dislocation cores. The PN model models dislocations as a
distribution of infinitesimal dislocations with Burgers vectors
summing up to the total Burgers vector of the full dislocation.
Even though PN predicts bounded elastic fields, it still implic-
itly assumes plane strain conditions and does not account for
the local atomic displacements near the core [see Fig. 1(b)].
Dislocation core structures are simulated via atomistics
and density functional theory (DFT) calculations. These tech-
niques can provide valuable information about the atomic
configuration in the vicinity of the dislocation cores, which is
missing in continuum elasticity solutions. A major drawback
for the atomistics is that it is not possible to decouple the
elastic interactions from boundary conditions such as periodic
boundaries and free surfaces [39-41]. Moreover, atomistic
methods model every atom as point-like entities located at
nuclei positions, and information such as energy, force, or
displacements are only attributed to these nuclei positions.
Therefore, care is necessary when utilizing atomistic calcula-
tions to construct continuum descriptions [42] since obtaining
the strain solutions by averaging the relative displacements
of neighboring atoms within a predefined cutoff radius is not
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FIG. 1. Logarithmic dilatational strain field of a TED core in
4H-SiC as calculated by classical models, and RGFMD. (a) Strain
field of a Volterra dislocation is calculated for anisotropic elasticity
constants of 4H-SiC using ES formalism. Note the singularity at
the core created by the Volterra dislocation. (b) Dilatational strain
field of a PN dislocation is calculated by utilizing ES formalism.
(c) Dilatational strain field is calculated using RGFMD, a novel
framework suggested in this study. See text for the details.

reliable for capturing an accurate field. The former is given as
discrete data located at lattice sites, while the latter is a field
description. Further comparisons of the strain fields associated
with the above approaches are given in Appendix D.

An encompassing theory for dislocations should address
the following two challenges: it should be nonsingular at the
core and it should be able to account for the local atomic
configuration at the core where the Cauchy-Born hypothe-
sis may not hold. The Cauchy-Born hypothesis states that
the displacements of atoms within the crystal follow the
overall strain on the crystal [43,44]. This study focuses on
developing a scheme that uses the results of DFT calcula-
tions, such as electron wave functions and electron densities,
to give a continuum description of dislocation cores. Re-
cently, we proposed the regularized Green’s function method
(RGFM) to utilize electron wave functions and band structure
to determine nonsingular continuum elastic fields for point
defects [42]. This was accomplished by introducing nonsin-
gular Green’s functions, which are a product of quantum
mechanical force fields representing atoms within the crystal.
RGFM relates these force fields to the atomistic displacements
to capture the atomic configuration of the lattice in the vicinity
of the defect core. In this study, we extend RGFM to ac-
count for the periodicity of dislocations along the dislocation
lines and name it the regularized Green’s function method for
dislocations (RGFMD). RGFMD addresses all the challenges
mentioned above by representing individual atoms via their
quantum mechanical force densities and accounting for the
local atomic displacements near core region. The details of the
RGFMD framework are discussed in Sec. Il A. RGFMD can
accurately predict elastic fields of dislocations without any as-
sumption of plane strain conditions or unphysical singularities
even in the presence of point defects [see Fig. 1(c)] in the pres-
ence of a nitrogen-vacancy (NV center in SiC). RGFMD also

unveils the variations of elastic fields along the dislocation line
which was missed in classical elasticity solutions. Also, we
would like to point out that RGFMD is not devised to be a
stand-alone tool for simulating dislocations. Our aim with the
RGFMD is to extract maximal information from a single DFT
simulation of a dislocation. In fact, RGFMD provides a unique
perspective on the morphology of dislocation cores by relating
the electronic structure of the core with the micromechanics of
the dislocation.

In our demonstration of extended RGFM, we chose thread-
ing edge dislocations in 4H-SiC crystals as a model case.
4H-SiC has been shown to be a promising candidate for
quantum computing applications due to the superior quantum
spin properties of NV centers within its host lattice [45-49].
The spin coherence time of NV centers is sensitive to the
lattice distortions around them [50], creating the possibility
of tuning the spin coherence time via utilizing dislocations
within 4H-SiC crystals. In the following section, we give an
overview of the different slip systems that are found in bulk
and wafer samples of 4H-SiC.

Slip systems in 4H-SiC

Bulk and wafer 4H-SiC samples contain a variety of dislo-
cations. Figures 2(a)-2(c) illustrate the geometry of different
common dislocation configurations. Fundamental lattice vec-
tors are shown as an inset in Fig. 2(a). Dislocations in 4H-SiC
are divided into two main categories depending on where their
dislocation line & lies in: Basal plane dislocations (BPDs) as &
lie in the basal plane [see Fig. 2(a)] and threading dislocations
(TDs) as & lie along c¢ axis [see Figs. 2(b) and 2(c)]. Solid
lines mark the dislocation lines within the substrate and the
epilayer. The orientations of the primitive unit cell are shown
in the insets. We elaborate on this complexity in the details
below.

BPDs have the Burgers vector of %(ZTTO) which lies in the
basal plane. In bulk samples, BPDs are found to dissociate
into two partials with Burgers vectors 3(1010) and 5(0110).
These partials form a stacking fault in between where the pris-
tine stacking of the crystal is altered. The width of the stacking
faults was observed to be between 40-50 nm. The length
scale of the stacking faults (in the order of nm) precludes the
direct simulation of BPD cores within the DFT framework due
to computational power and memory limitations. Moreover,
BPDs and the stacking faults that form when they dissociate
have been shown to degrade the electrical properties of the
4H-SiC electronic devices [18-21]. Hence, a considerable
effort has been dedicated to the development of manufacturing
techniques that would prevent them from forming within epi-
taxial layers (wafer samples). The state-of-the-art production
technique for 4H-SiC is step controlled chemical vapor de-
position (CVD), where an epitaxial layer is deposited onto a
single crystal substrate of 4H-SiC (bulk sample). The reader is
referred to [51,52] for a detailed discussion of this technique.
During the CVD process, over 95% of the BPDs in the bulk
substrate are transmitted into the epitaxial layer as threading
edge dislocation (TED) [53,54]. See Fig. 2(d) for transmission
rates of different dislocations in the bulk substrate into the
epitaxial layer. Due to the low transmission rate of BPDs,
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FIG. 2. The three prominent slip systems in 4H-SiC. (a) An edge character BPD is illustrated. These dislocations, which have Burgers
vector along the (2110) axis and dislocation line within the basal plane, are prevalent in bulk samples of 4H-SiC. (b) TEDs are the most
prominent dislocations in wafer samples of 4H-SiC. TEDs have their Burgers vector along (2110) but their dislocation line lies along the
(0001) axis. (c) TSDs have Burgers vector and dislocation line along the (0001) axis. (d) During CVD, an epilayer of 4H-SiC is deposited
onto a 4H-SiC crystal. The existing dislocations in the bulk layer (dark grey region) are converted into dislocations in the epilayer (light gray

region). Solid lines mark the dislocation lines.

the properties of 4H-SiC devices are dictated by TEDs and
threading screw dislocations (TSDs).

The density of different types of dislocations in substrate
and epitaxial layers are summarized in Table I. TSDs have a
Burgers vector and dislocation line along the ¢ axis, (0001),
and are recognized to have undesirable effects on the relia-
bility of electrical devices [53-55]. TSDs cause large atomic
displacements at the core, as the length of the ¢ axis is nearly
three times the a vector for 4H-SiC. TEDs have Burgers vector
equal to @ = 3(2110) and the dislocation line along the ¢ axis,
(0001). TEDs have the highest density among the dislocations
in commercial 4H-SiC devices. Their relatively small Burgers
vector makes it more convenient for DFT calculations prop-
erties. It is imperative to improve our understanding of the
elastic effects of TEDs on the host lattice to better leverage
4H-SiC in electrical and quantum computing devices. There-
fore, by choosing TEDs as a model case, we hope to provide
valuable insight into the underlying physics of TEDs.

II. METHODS AND RESULTS

The ES formalism offers a general solution framework for
anisotropic elasticity problems, assuming that the elastic field

TABLE 1. Densities of dislocations in 4H-SiC.

Dislocation Density in bulk Density in epilayer
type (cm?) (cm?)

BPD 10>-10* 0.1-10

TED 10*-10* 2000-5000
TSD 10?-10° 300-1000

is two-dimensional, i.e., elastic fields do not vary along the
dislocation line. Even though ES formalism produces accurate
results for elastic fields at long ranges, it produces divergent
fields near the dislocation core. Therefore, conventional stud-
ies define a dislocation core region and exclude this region
from the calculations [39]. Commonly, this core region is
selected as a circular region of radius ~ 5b where b is the
magnitude of the Burgers vector of the dislocation. Recently,
the authors proposed a RGFM for point defects. Moreover,
RGFM removes (regularizes) singularities that are present
in the elastic Green’s function by representing atoms within
the lattice as a distribution of distributed loads. These repre-
sentative force densities are a product of the electron wave
functions of the given crystals.

In Sec. IT A, we extend our RGFM formulation to account
for the quasiperiodic nature of the dislocations. Dislocations
are quasiperiodic because their elastic fields must be peri-
odic along the dislocation line with a periodicity equal to
the periodic lattice spacing in that crystallographic direction.
This periodicity has been completely omitted in the con-
ventional continuum treatment of dislocations. Also, electron
wave functions can be determined via ab initio. calculations,
as discussed in Sec 11 B. We envision our novel treatment of
dislocation cores to bridge the gap between the continuum
and atomistic treatment of dislocations. In Sec. IIC, we ap-
ply our model to a TED in the 4H-SiC host lattice. These
dislocations are shown to be the most pervasive in wafers
[53,54] and affect the mechanical properties and electronic
reliability of SiC electronic devices. Moreover, 4H-SiC can
host NV centers which are promising spin defects for quan-
tum computing applications due to their superior coherence
times [45,50]. Both experimental and theoretical studies have
shown that the coherence times of NV centers are sensitive to
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FIG. 3. Atomic structure of a dislocation in the lattice. Disloca-
tions are quasiperiodic since they create displacement fields that are
varying in three dimensions, but their displacement field is periodic
along their dislocation line. As a result, an atom within the dislocated
crystal has infinitely many periodic images along the dislocation line.
The periodic distance between an atom and its nearest images p
is determined by the lattice periodicity along the dislocation line.
RGFMD accounts for this periodicity by defining the atomic force
profile representing an atom as a quasiperiodic function. See text for
details.

applied strain. The spin-strain coupling of NV centers raises
the question of whether dislocations within 4H-SiC can be
used to tune the properties of NV centers. Hence, we envision
RGFMD to provide valuable insight into understanding the
elastic interactions between NV centers and lattice defects.

A. Development of regularized Green’s function
method for dislocations

The RGFM is devised to solve the force equilibrium equa-
tion in three dimensions for point defects. Within RGFM, the
atomic displacements induced by a point defect are calcu-
lated via DFT calculations and used as boundary conditions
for continuum displacement field calculations. RGFM models
every atom that is simulated in the DFT simulation box as
distributed force density, called the quantum mechanical force
density (QMFD) field. The QMFD field can be calculated
from the first-principles quantities such as electron wave func-
tions and densities. Point defects within crystal lattices do
not create any geometrical periodicity. Hence, RGFM mod-
els the elastic distortions caused by point defects by solving
the force equilibrium for infinite media. However, in lattice
length scales, dislocation-induced elastic fields must obey the
inherent periodicity of the underlying lattice. For a straight
dislocation, while the atomic arrangement around the dislo-
cation varies along the dislocation line within one unit-cell,
atomic displacements must be periodic from one unit-cell to
its periodic image (see Fig. 3). Therefore, the displacement
field of a dislocation must be a quasiperiodic function of
the position with respect to the dislocation line with a peri-
odicity that is dictated by the periodic lattice spacing along
the dislocation line. A quasiperiodic function is a function
that is periodic with respect to a subset of its inputs [56].
In this section, we derive RGFM formalism following [42]
and extend it to account for the quasiperiodic nature of the
dislocations.

RGFMD aims to solve the force equilibrium equation of
elasticity for dislocations in a manner that is informed by

ab initio calculations. Force equilibrium equation is satisfied
nearly universally across different domains such as solid,
fluid, and quantum regimes [57-60].
2
Ciju % Ginlx) +8inf(x) =0, )
ax j 3x1
where f(x) is the forcing function, G(x) is the Green’s func-
tion, C is the anisotropic elasticity tensor, and §;, is the
Kronecker delta. In conventional methods, the forcing func-
tion is assumed to be a point force represented by a Dirac delta
function §(x). We regularize the Green’s function by choosing
the forcing function f(x) as the QMFD field representing the
individual atoms in the system instead of a point load. The
calculation of QMFD is discussed later in this section.
The solutions to Eq. (1) can be obtained by taking the
Fourier transform

Grw = (Ciju&i&) "8 f(E), (2)

where the hat symbol ¥ represents the Fourier transform of a
variable y and £ is the wave vector. The real-space solution to
Eq. (1) can be found by taking the inverse Fourier transform

of Eq. (2)
1 R )
G = ¢ / / f G(§)e™tds. 3)
44 —00

However, direct calculation of the inverse Fourier inte-
gral in three dimensions is computationally costly. Hence,
we employ the spherical harmonic expansion of plane waves
e~ [61]

oo n
T =4x Yy i (xlkDY @Y, @)
n=0 m=—n
where V" (k) is the spherical harmonic function of degree n
and order m, 17"'" (I;) is its complex conjugate, and j,(-) is the
spherical Bessel function of degree n. We also denote unit

vectors as ¥ = x/|x|. The Green’s function in Eq. (3) takes
the following form:

1 & 00 .
Grw(x) = ﬁz Z i"Ynm(f)/// Siw [ (E)Ciju&iE) ™"

n=0 m=—n

x ju(Ix|E)Y"(E)dE. ®)

If the forcing function f(x) is taken as a spherical function
fx) = f(|x]), a further simplification to Eq. (5) is possible as
follows:

[ .
G =553 Y@ /0 FxD el €D 18

n=0 m=—n

x /S (CiuE &) T Byas @),

1 - . My M 3 m
G =5— D I"I@F() - AJC). (6)

n=0 m=—n

Equation (6) is composed of two main parts: radial F;,(|x|),
and angular A}'(C) part. The radial part is a function of the
forcing function f(x) and the distance between the nuclei po-
sition and the field point. F;(]x|) can be computed beforehand
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and interpolated at a run-time with arbitrary precision. A (C)
only depends on the anisotropic elasticity tensor C and can be
computed beforehand for fast implementation. It is also shown
that the terms in the sum above is nonzero only when # is an
even integer which reduces the computational cost [42,62].
Moreover, the infinite sum can be truncated at a certain value
of n = nyax. For 4H-SiC anisotropy, we showed in our pre-
vious study that ny,,x = 8 produces accurate convergence for
our purposes [42].

The solution given in Eq. (6) implicitly assumes an in-
finite solid body with no periodic boundaries. However, the
dislocations’ displacement field must be periodic along their
dislocation line with a periodic equal to the lattice spacing
along the dislocation line. This periodicity requires us to con-
sider every atom within the simulation cell and its periodic
images. Let the dislocation line lie along a crystallographic
direction £, the periodic lattice spacing along # to be p, and the
position of an arbitrary atom (with index number o) within the
simulation cell to be x“. Then, the position of every periodic
image of the atom « can be computed as follows:

xk=x* 4 kpt, kel (7

The RGFM represents the elastic deformation at point x
due to the displacement of an atom at x* by the Green’s
function G* (x — x*). Using Eq. (7), the total Green’s function
representing the elastic deformation at the field point x due
to the atom at x* and its periodic images takes the following
form:

GP(x) = ZG(x—x“ —kpt) + G(x —x* + kpt), keZ*

k=0
(®)
For practical implementations of Eq. (8), the infinite sum must
be truncated. The truncation limit depends on the specific
system under consideration. See Appendix A for the details
regarding the determination of the truncation limit for the
case of 4H-SiC. So far, we extended our RGFM formalism
into dislocations. In the next section, we calculate the QMFD
to inform our choice of forcing function f(|x|) in RGFMD
formalism.
Using RGFMD, the elastic displacement at any point due
to the displacement of the atoms forming the configuration
under consideration can be calculated as follows:

N
u(x)=Y G”*(x—x*)-h" 9)

a=1
where parameter « = 1, 2, ..., N enumerates the atoms in the

system, x* is the position of atom «, and G”** is the quasiperi-
odic Green’s function that represents atom « and its images in
the system with dislocation. The vectors A are scaling vectors
that are calculated for each atom using the known atomic
displacements. The displacement of atom S is equal to the
sum of elastic distortion caused by every individual atom in
the system.

N
wf(xf) =Y "GPP —x*) - h* (10)

a=1
Since the displacement of all the atoms can be obtained using
ab initio simulation techniques, scaling vectors h* can be

solved for by forming a 3N x 3N dense linear system of
equations using Eq. (10). So far, an efficient algorithm to
determine the elastic fields of a dislocation core, RGFMD, has
been presented. However, RGFMD requires one to determine
the force fields representing the individual atoms. In Sec.
II B, expressions for atomic representative force density field,
QMED, are derived.

B. Quantum mechanical rorce density

Our derivation of RGFMD, requires one to determine the
forcing function f(x) as a radial function to represent indi-
vidual atoms within the continuum. We base our choice of
the forcing function onto the first-principles calculations by
calculating QMFD. QMFD is the divergence of the quantum
mechanical stress density (QMSD), d;0;; = f; [59,63-67].
Rogers and Rappe derived QMSD from purely geometric ar-
guments by defining stress as the variation of the energy with
respect to strain [66]. QMSD becomes as follows in atomic
units:

o oayt oy 9%n 9%n
Oij=—\—"5 -tV — 8
m, or; 8rj 8r,-8rj orory
1 9%n 3 (ne?) an
_51”_ (S," GGA oV 2 E
T3 ’arkark>+ e T b
3 (neSh) 9(Vn)
8(Vn) a&‘[j

1
+ Go(FiFj — 55iijFk>, (11)

where ¥ and T are the electron wave function and its com-
plex conjugate, n = " is the electron density, €594 is the
per electron exchange correlation energy density according
to the generalized gradient approximation (GGA) [67], &;;
is the strain, € is the vacuum permittivity, and F; = —9;V
is the electric field. Contributions to QMSD can be divided
into three main groups: the kinetic stress [the first line in
Eq. (11)], the exchange-correlation contributions [the second
line in Eq. (11)], and electrostatic contributions [the third line
in Eq. (11)].

The kinetic contribution to QMSD appears due to the
kinetic energy of electrons. The kinetic energy density in
quantum mechanics is said to be gauge dependent [64,66,67].
The gauge dependence of the kinetic energy density is repre-
sented by the real-valued parameter y. However, the term that
is multiplied with the gauge dependence term is divergence

9%n 9%n _ _
free, 8j(m — ijm) = 0. Hence, we set y = 0 for our
calculations without loss of generality. The kinetic contribu-

tion to QMSD takes the following form:

a( al/ﬁanrl azn)

K —_— —
= ar; 4 9r,0ry

Bri Brj

(12)

The contribution from exchange-correlation effects to
QMSD fF6A = a,-agGA [second line of Eq. (11)] can be
computed via numerical differentiation once the electron den-
sity field n is known. For practical applications, the values
of terms a("iGA) d a%"(EVG:;) are reported by the libraries
that are used to calculate exchange-correlation energy density
such as libxc [68]. Finally, the third line of Eq. (11) is also
known as the Maxwell stress tensor [59,66,67,69]. Its diver-
gence is known as the Lorentz force [69] and represents the
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FIG. 4. (a) The relaxed structure of the crystal with NV center and a TED core. To generate an isolated TED core, a vacuum region
surrounding the crystal is introduced while the periodic boundary along the dislocation line is preserved. The location of the dislocation core is
marked in the figure. (b) QMFD field’s projection onto basal plane is plotted. The resulting force density f¥ localizes around the lattice sites.
(c) Spherical average of the force profiles of the different species in the system.

electrostatic contribution to QMFD.

d 1 v
1= 8—[60<FiFj - §5iijFk>:| =-n_—,

I‘j 8ri

(13)

where V is the electrostatic potential. QMFD is defined by a
vector valued function. To use the spherical harmonic decom-
position given in Sec. II A, we take the magnitude of QMFD
everywhere and average it on the spherical shells around the
atomic sites as follows:

1 27 T
fYx)) = yEEE / / LFX ) + 9% @)
wlx|© Jo Jo

+ fES )| |x|? sin 6 d6 dy (14)

These average functions f¥(|x|) are employed to represent
different atomic species (such as Si, C, N) within RGFMD
formalism.

In the current study, we chose TEDs in 4H-SiC crystal as
a model case. To show the robustness of RGFMD formalism
in studying the interactions between point and line defects,
as an added complication to our study, we placed an NV
point defect near the dislocation core. The results of QMFD
calculation for TED-NV system are given in Fig. 4 as an
example. The details of the DFT calculation are discussed in
Sec. IIC. It can be seen in Fig. 4(b) that the force densities
localize around the atomic sites. This localization is important
because it enables RGFMD to describe elastic distortions as
the linear combination of Green’s f.unctions. Furthermore,
the magnitude QMFD exhibits a strong dependence on radial
distance from the atomic sites. The RGFMD framework ex-
ploits this dependence by modeling the atomic force profiles
as radial functions to solve force equilibrium equation in an

efficient manner as discussed in Sec II A. Finally, the radial
force profiles fV representing individual species are nontrivial
nonconstant functions as shown in Fig. 4(c). The QMFD oper-
ator is spherically averaged around the lattice sites to generate
radial force density functions representing individual atoms.
Different species generate different force profiles which are
used to represent them in the RGFMD framework as discussed
in Sec. IT A.

Note that Fig. 4(c) gives the force profiles for atoms in the
relaxed configuration of the TED system while Eq. (10) refers
to perfect lattice positions with indices o and 8. However,
upon comparison between Fig. 4(c) and force profiles for the
nondislocation 4H-SiC structure given in [42], we observe
that the introduction of TED causes a negligible variation in
Si and C profiles. Hence, the use of force profiles derived from
arelaxed structure is appropriate in our context. Conventional
methods based on Eshelby’s equivalent inclusion method ex-
pects these properties to be constant [70,71]. It is imperative
to utilize QMFD to accurately calculate lattice distortions
around lattice defects.

C. Simulation details

A considerable body of research effort has been devoted to
the simulation of screw dislocations within the DFT setting
[72—77]. Simulating dislocations within DFT poses one major
challenge. The DFT framework necessitates the simulation
cell to be periodic in all three directions. Therefore, previous
studies focused on simulating dipoles of dislocations with
opposing Burgers vectors since the net zero sum of Burgers
vector content in the simulation box permits the periodicity
to be achieved. To examine an isolated dislocation core via
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FIG. 5. (a) The atomic positions within 4H-SiC crystal. (b) 4H-SiC primitive unit cell is shown through (2110) (the Burgers vector of
TED). Atomic sites within 4H-SiC have different local symmetries and labeled as 4 and k sites. One can identify three slip planes normal to
the (1010) direction for TED slip system within 4H-SiC primitive cell. Two of these planes consist of & sites and named kk planes, while one
of them consists of £ sites and named the i/ plane. Hence, two different types of TED cores may exist between the ik and kk planes, and two
kk planes. (c)—(e) Projection of 4k and kk planes through the slip plane normal (1010). 44 and kk planes have different atomic densities.

RGFMD, we simulate a block of crystal that is periodic along
the dislocation line and surrounded by vacuum on the other
two directions. We note that the high lattice resistance of
4H-SiC (in the GPa range [78,79]) hinders the dislocation
migration toward the free surface. A TED with Burgers vector
(a) = 1/3(2110) and dislocation line (c) = (0001) is studied.
TED is chosen as the model case for RGFMD since TEDs
are the most prevalent dislocations within 4H-SiC wafers and
are more likely to affect quantum and electrical properties
[20,45,50] as discussed in Sec. [ A.

To accurately construct the dislocation core of a TED, we
first examine the structure of its slip plane (1100). The 4H-SiC
lattice is a multilattice where the primitive unit cell contains
more than one lattice site [there are eight lattice sites in this
case, see Fig. 5(a)] as opposed to single-lattices which can
be constructed by just repeating one lattice site along lattice
vectors. The lattice sites within 4H-SiC have different local
symmetries and are denominated as the & site or k site as
shown in Fig. 5(b) [45]. These lattice sites form three distinct
(1100) slip planes of which two are formed by k sites (kk
planes) and one is formed by # sites (hh planes). When viewed
through the slip plane normal (1010), the ik plane and kk
planes have different atomic densities [see Figs. 5(c)-5(e)].
Hence, kk planes are equivalent to each other while the hh
plane is dissimilar. This situation raises the question over
which slip configuration is energetically more favorable: the
slip between hh and kk planes or the slip between two kk
planes. Such questions do not occur in single lattices such
as face-centered cubic (FCC) and body-centered cubic (BCC)
ones. When we consider other multilattice hexagonal close

packed (HCP) crystals, the prevalent slip systems operate by
displacing planes of the same atomic densities on top of each
other [11]. Hence, we chose to place the dislocation core
between two kk planes in our simulations. However, further
research is warranted to clarify the atomic motions during
slip in multilattices such as 4H-SiC. Even though this is an
interesting future research direction, it is out of the current
study’s scope.

To analyze the elastic interactions between dislocations
and point defects, we inserted an NV center in the vicinity
of the TED core. NV centers are point defects within 4H-SiC
host crystals that are formed by substituting a C atom with an
N and vacating a Si site next to it. Four different configurations
of NV centers are observed within 4H-SiC: hh, kk, hk, and kh
[see Fig. 5(b)]. These configurations are identified via their
local point symmetry groups. Among the four, 4k and kk con-
figurations are shown to be the most promising for quantum
computing applications [45]. Without loss of generality, we
chose to insert a NV center in the sh configuration near the
TED core for our demonstration purposes.

The DFT simulations are conducted by using the Vi-
enna Ab initio Simulation Package (vasp) [80]. Projector
augmented wave (PAW) pseudopotentials as supplied with
the vasp package are used in the calculations [81,82]. The
exchange-correlation effects are modeled with the Perdew-
Burke-Ernzerhof (PBE) parametrization of the GGA [83].
Convergence is assumed to be achieved when the to-
tal energy of the system is reached within 0.5 meV. The
ab initio calculation of the TED-NV system is carried out as
follows.
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FIG. 6. The procedure that is devised to simulate an isolated TED and a NV center in a fully periodic cell in DFT framework. (a) A pristine
crystal of 4H-SiC is created with 392 atoms. Subsequently, an NV center in hh configuration near the center of the box is inserted by replacing
one C atom (marked in gray) with N atom (marked in blue) and removing a Si atom (marked beige) below the N atom. (b) A TED is inserted
into the pristine crystal by displacing atoms according to the ES solution of TED (see Appendix B). The dislocation core is placed near the
center of the simulation box between two kk planes (see Fig. 5). (c) The dislocation core is relaxed using the DFT calculation.

The lattice constants (a = 3.091 A and ¢ =10.129 A),
and simulation parameters (cutoff energy E., = 350 eV and
k-mesh 2 x 2 x 1) are determined by minimizing the total
energy of one unit-cell. Lattice constants are found to be
consistent with other findings in the literature [84]. Due to
computational power concerns with a large number of atoms,
we chose the k-mesh tobe 2 x 2 x 1.

Simulation box edges are chosen as (a;) = 1/3(2110),
(ap) = 1/3(1210), and (c) = (0001). To insert an edge dis-
location within the crystal, we first construct a pristine crystal
with edge lengths 7({a;) x 7(a;) x 1{c) and insert an NV cen-
ter in the hh configuration. The simulation box contains 391
atoms. We add a vacuum region surrounding the crystal with
thickness 2(a;) to simulate an isolated TED within the DFT
framework. The pristine crystal is shown in Fig. 6(a). Note
that in this projection (zone axis (0001)), the Si vacancy is
behind the N atom. The crystal is surrounded with a vacuum
region in the directions normal to the dislocation line to sim-
ulate an isolated TED in a fully periodic simulation box. We
insert a TED near the center of the box between two kk planes
(see Fig. 5) by displacing the atoms using the ES solution
for TED. The details of the ES calculation are discussed in
Appendix B. The structure after the insertion of the TED is
shown in Fig. 6(b). Subsequently, the TED-NV structure is
relaxed using vasp with the simulation parameters discussed
in step 1. The final atomic configuration [see Fig. 6(c)] ex-
hibits a dislocation core structure that is similar to the previous
study in the literature where a dipole of TEDs is simulated in
a fully periodic simulation cell [85]. Hence, the effect of free
surfaces near the dislocation core is minimal for our demon-
stration purposes. Note that the resulting TED core structure
is similar to other first-principles calculations of TEDs in the
literature [85]. The red atoms are excluded from consideration

for RGFMD calculations since they exhibit spurious atomic
displacements due to free surface effects.

The RGFMD framework requires the knowledge of atomic
displacements to calculate the elastic displacement at every
point within the crystal. However, the free surfaces cause the
atoms to move spuriously. To minimize the effect of the free
surfaces on the RGFMD calculations, we exclude the atoms
directly on the free surface [marked with red in Fig. 6(c)].

D. Results

In this section, we demonstrate an application of the
RGFMD framework. Our chosen model system is a TED
within the 4H-SiC crystal. TEDs have dislocation lines along
the (c) axis and Burgers vectors along the (a) direction of
the hexagonal lattice. To fully demonstrate the utility of the
RGFMD framework in investigating the elastic interactions
between different lattice defects, we also insert an NV center
near the dislocation core. NV centers’ functional properties
(such as spin coherence times) are also shown to be sensitive
to the applied strain on the lattice. Hence, we believe our
results will be valuable for accurate modeling and tuning of
these functional point defects. The details of the ab initio
simulations that are prerequisite for RGFMD calculations are
discussed in Sec IIC. The force density fields that represent
the individual atoms within the system are calculated by as-
suming GGA for exchange-correlation effects as discussed in
Sec. II B. Figures 7(a) and 7(b) illustrate the relaxed structure
of the lattice with a TED and an NV center projected through
(0001) and (2110), respectively. Note that the predicted dis-
location core structure is similar to the other studies on TEDs
[85].
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FIG. 7. Threading edge dislocation. (a) Relaxed structure of dis-
location core and NV center projected through (0001). (b) Relaxed
structure of dislocation core and NV center projected through (2110).
(c) Strain field of an anisotropic Volterra dislocation calculated by ES
framework. Note that Volterra dislocations generate a singularity at
the dislocation core. (d) Strain field of an anisotropic Peierls-Nabarro
(PN) dislocations. PN dislocation model removes the singularity at
the dislocation core by representing the dislocation as a distribution
of infinitesimal dislocations. (e)—(g) The strain field calculated by
RGFMD projected onto cut planes AA’, BB’, and CC’, respectively.

Dislocations generate large displacements and strains near
their core. Hence, it is necessary to adopt an appropriate large
strain measure. Due to its intuitiveness, we adopt logarithmic
(also known as Hencky, or true strain) strain, E, in our plots
[86]. For a given deformation gradient tensor F, the logarith-
mic strain E can be calculated as follows:

E,=1iInC,
C=F'F, (15)

where FT is the transpose of F. Following Eq. (15), the vol-
umetric part of the logarithmic strain becomes E g = %E 0.kl s
where I is the second-order identity tensor and E y is the
trace of E(. To compare RGFMD with the conventional dis-
location model, we calculate the strain field of an anisotropic
Volterra dislocation with ES formalism, as discussed in Ap-
pendix B. The volumetric strain field of a Volterra dislocation
is shown in Fig. 7(c). Volterra dislocations generate strain
fields that exhibit a singularity at the center [39]. Hence, we
exclude the core region of the strain field where strains tend

to infinity in Fig. 7(c). We provide further comparisons in
Appendix D for both the core domains and for far fields where
the results converge.

Since the singular solutions for the elastic fields are un-
physical at the core, one conventional method to model
dislocation cores is to utilize the PN dislocation model [87].
The PN framework models dislocation cores as a distribu-
tion of infinitesimal dislocations known as dislocation density
p. A common choice for dislocation density is the Lorentz
distribution [87,88]

b &

T x2 + 52 ’
where x is the position measured along the Burgers vector of
the dislocation, b is the magnitude of the Burgers vector, and &
is the dislocation core width. Using the density of dislocations
at a given point on the slip plane, the total strain at a point
can be calculated by integrating the contribution of all the
infinitesimal dislocations as follows:

oo
SES, rotal(x’ y) — /

—00

px) = (16)

p()EPS (x — 1, y)dt, (17)

where 55 (x, y) is the strain at point (x, y) as calculated by ES
formalism as discussed in Appendix B. For our calculations,
we chose the dislocation core width to be &€ = 2.5 A, without
loss of generality. The resulting PN dislocation strain field
is plotted in Fig. 7(d). Contrary to Volterra dislocation, PN
dislocations do not generate singularities at the core. However,
both PN and Volterra models implicitly assume plane strain
conditions. Hence, the resulting strain field do not vary along
the dislocation line even though the local atomic configura-
tion varies along the dislocation line. RGFMD addresses this
problem since it does not assume plane strain conditions as
discussed in Sec. IT A.

While conventional continuum models of dislocations
clearly denote a compressive and a tensile region above and
below the slip plane, RGFMD predicts a strong angular de-
pendence of tensile and compressive regions of the elastic
strains. Moreover, the elastic fields predicted by RGFMD are
functions of the local atomic displacements even at the core
of the dislocation while ES formalism is not informed by
the local atomic configuration. Figures 7(f) and 7(g) show
the combined volumetric strain field of the TED core and
Si vacancy and N substitutional atom of the NV center, re-
spectively. Figures 7(e)-7(g) show the volumetric strain field
at different cuts of the relaxed structure. Cuts AA’, BB’, and
CC’ [Figs. 7(e)-7(g)] are all projected through the (0001) axis
as examples of different planes far or close to the discloation
core. A comparison of the three methods is also provided in
Fig. 12 in Appendix D with strain versus radial distance plots.
By comparing Figs. 7(e)-7(g) it can be said that the Si vacancy
creates a tensile strain field and N atom creates a compressive
strain field. Conventionally, point defects are assumed to cre-
ate uniform lattice distortions. However, these conventional
assumptions are not sufficient to predict the elastic fields of
point defects accurately. Along the dislocation line, planes
of Si and C atoms are stacked on top of each other to form
the 4H-SiC crystal. The difference in the atomic configuration
and electronic structure of planes of different atomic species
causes the predicted strain field to vary. Such variations cannot
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be predicted via ES formalism due to its implicit assumption
of plane strain conditions. The variations of strain field con-
form to the periodicity of the lattice along the dislocation line.
The lattice and the strain field are periodic along the (0001)
axis, which is also chosen as the periodic boundary in DFT
calculations. The RGFMD accurately captures the variation
of the strain field along the dislocation line which has been
omitted in classical elasticity solutions. Figures 7(f) and 7(g)
show the strain field projected onto the planes containing Si
vacancy and N substitutional atom, respectively.

II1. DISCUSSION

RGFMD calculates continuum elastic fields of disloca-
tions by bridging the gap between atomistics methodologies,
where the dislocation core represented by discrete atoms
and their interactions, and classical continuum elastic so-
lutions of dislocations, where the continuous displacement
field of a dislocation is computed by solving the force
equilibrium equation. RGFMD leverages the fundamental in-
formation revealed by first-principles calculations such as
atomic displacements and electron wave functions to calcu-
late continuum elastic fields of dislocations. Within RGFMD,
every atom is represented by a characteristic force density
field that is calculated by using the electron wave functions
and its gradient (see Sec. II B). Subsequently, RGFMD solves
the force equilibrium equation by accounting the quasiperi-
odic nature of the dislocations (see Sec. Il A). The resulting
elastic fields are guaranteed to conform to the known nuclear
displacements of the atoms; hence to accurately represent
the atomic configuration of the dislocation core. Moreover,
RGFMD can describe the variations in the elastic strain
along the dislocation line as well (see Fig. 7), which cannot
be revealed using classical elasticity solutions as discussed
below.

Classical elasticity solutions of dislocations aim to solve
the force equilibrium equation for prescribed displacement
boundary conditions. Such displacement boundary conditions
are usually parametrized via disregistry functions, which mea-
sure the relative displacements of atoms immediately below
and above the slip plane with respect to each other, as pro-
posed by Peierls [88]. Continuum elastic solutions generate
diverging solutions at the core of the dislocation. Theivergent
nature of the classical elasticity solutions prevents a complete
description of dislocation elastic fields everywhere in a lattice.
One attempt to resolve this shortcoming is to adopt the PN
model. The PN model assumes that the disregistry function
takes a smooth form, usually represented by the arctan func-
tion from which the relative nuclear displacements of atoms
above and below the slip plane can be sampled. This method
eliminates the singularity at the core [see Fig. 8(a)]. However,
the PN model for dislocations relies on the assumption of
plane strain conditions. Consequently, it is not possible to
capture the variations of elastic displacements along the dis-
location line as shown in Figs. 8(b) and 8(c). Moreover, local
atomic displacements near the core may not always conform
to monotonically increasing disregistry functions. RGFMD
addresses these challenges by enforcing the atomic displace-
ments (which are calculated through DFT calculations) as
boundary conditions and representing individual atoms with

regularized Green’s functions [see Fig. 8(d)]. Consequently,
RGFMD is capable of calculating the variation of elastic fields
in three dimensions without singularities even in the pres-
ence of point defects. Figure 8(d) illustrates the cross section
of the displacement field calculated by the RGFMD frame-
work. To compare the RGFMD displacement fields against
PN displacement fields, the displacement fields are plotted
on the cross sections immediately above and below the slip
plane as well [see Figs. 8(b), 8(c), 8(e), and 8(f)]. Clearly,
the local atomic configuration around the slip plane creates
nontrivial variations in the displacement field. For example,
in the case of TED in the 4H-SiC case, two kk planes (see
Fig. 5) immediately above and below the slip plane of TED
are not exactly symmetric but are translated with respect to
each other. Hence, the resulting displacement fields are neither
monotonous along the Burger vector direction (2110) nor con-
stant along the dislocation line direction (0001) [see Figs. 8(e)
and 8(f)]. This effect cannot be captured via classical elasticity
solutions for dislocations [see Figs. 8(b) and 8(c)]. Indeed, the
PN formulation has been founded on the assumption of simple
cubic crystals where all planes above and below the slip plane
are symmetric. Hence, we believe RGFMD is a critical tool
for bridging the gap between atomistic and continuum models
of dislocations.

In summary, as discussed in Sec. [ C, a TED is inserted be-
tween two kk planes (see Fig. 5). Even though these kk planes
have the same atomic density, atomic sites within them are
translated with respect to each other. Consequently, the dis-
placement field on these planes is not monotonously changing
along the Burgers vector direction (2110), and is not constant
along the dislocation line (0001). The three-dimensional na-
ture of the elastic fields [Figs. 8(d)-8(f)] of dislocations is not
captured with PN calculations [Fig. 8(a)-8(c)].

Atomistic methodologies, such as molecular dynamics
(MD) and DFT, model dislocations as line defects within
pristine lattices with periodic boundaries. The first-principles
calculations model atoms as point-like entities and only ac-
count for the positional degrees of freedom of the atoms’
nuclei. This simplification is necessary for the development of
tractable solutions for the problems at hand from the atomistic
point of view. However, as a result, the displacement field
can only be calculated as a discrete field defined at lattice
sites. Such a discrete description of the elastic fields does
not conform with the well-established continuum elasticity
where elastic quantities such as strain and displacement are
given as fields. Moreover, atomistic methods calculate the
total energy values of a given configuration by accounting for
all interactions, including elastic interaction and interactions
between defects and the boundaries. However, it is not always
possible to decouple the elastic interactions from the total
energy calculations. RGFMD provides an accurate method for
mapping the discrete results of displacements calculated by
ab initio methods onto a continuum field. Subsequently, the
continuum fields predicted by RGFMD can be used to isolate
elastic interactions.

In Fig. 4, we observe that the QMFD field is localized
around atomic sites. The localization of QMFD field suggests
the interatomic interactions to be dominated by short-range
interactions. Our formulation for QMFD is derived from
first principles and does not implicitly assume short-range
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interactions. Both the long- and short-range interactions be-
tween atoms are encoded within the electronic structure of the
system when the DFT simulations are conducted under ap-
propriate conditions. Hence, we would expect the long-range
interactions such as van der Waals and ionic interactions to ap-
pear in the QMFD calculations. Indeed, the effect of surfaces
and edges, where more complicated interactions than nearest-
neighbor interactions appear, on the QMSD and QMFD has
been successfully computed in [89]. The underlying frame-
work of regularized Green’s functions would still apply in
these systems. However, for systems, where the long-range
interactions are dictating the underlying physics, the behavior
of QMFD would differ from what has been shown in this pa-
per. We expect QMFD field to be not localized around atomic
sites and not spherically symmetric when these long-range
interactions are dominant. Under these conditions, the forcing
function would be nonspherical f(x) # f(|x|) [the transition
from Egs. (5) and (6) would not apply]. Depending on the

form of the forcing function in f(x), another convenient math-
ematical decomposition [similar to Eq. (6)] may be found.
We believe the implications of the RGFMD are far-
reaching. For example, the PN model assumes the atomic
motions to be in accordance with the Cauchy-Born hypoth-
esis where atoms are expected be displaced according to the
predictions of continuum elastic solutions. This consideration
is an improvement over the Volterra dislocation model and
has been extremely useful to describe the critical stress for a
wide range of materials [4,9,10]. On the other hand, we have
shown the divergence of the RGFMD and PN predictions near
the dislocation cores in Fig. 7 of the original paper which is
further elaborated on in Appendix D. The PN model predicts
the strain field to be compressive on one side and tensile on
the other. On the other hand, RGFMD predicts a much more
complicated strain field that i varying along the dislocation
line [Figs. 1(c) and 7]. Moreover, we have also made the
comparison in terms of the displacement and disregistry fields
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near the dislocation core. In this aspect, the PN model has two
drawbacks: it assumes a one-dimensional disregistry function
that does not vary along the dislocation line and it is devised
for simple cubic crystals. It is also important to note that
waviness of a given dislocation can be observed from how
the disregistry function varies along the dislocation line. In
simple cubic lattices, atomic positions at above and below the
slip plane coincide when projected through the slip normal.
However, for TEDs, this is not the case (and will not be the
case for most lattices) as shown in Figs. 5 and 8. Hence,
the disregistry functions predicted by RGFMD takes a more
complicated form as shown in Fig. 8. This result suggests that
dislocations will inherently assume a wavy form within the
crystal. These types of short-range interactions have long been
shown to dictate the CRSS (Critical Resolved Shear Stress)
the of dislocations [90-93].

One potential avenue of improvement for RGFMD is to
incorporate the variability of the elastic properties of the mate-
rial. Dislocation cores generate large strains in the short-range
regime where the elastic properties of the underlying material
may change [94-98]. In the case of varying elastic moduli,
Eq. (1) needs to be converted into a more general form so
that the elastic tensor Cjjy; is also a function of the position.
The variation of the elastic moduli can be represented via a
special blending function. Subsequently, the Green’s function
for the inhomogeneous system can be determined via a similar
method given in Sec. Il A. Alternatively, a statistical method
such as walk-on-spheres [99,100] may be adopted to solve
the Green’s function for inhomogeneous materials. Recent
developments on varying moduli fields have been shown in
[101].

IV. CONCLUSIONS

In conclusion, this work proposes an analytical framework,
RGFMD, to calculate the lattice distortions near the disloca-
tion cores using the fundamental information obtained from
DFT calculations. RGFMD models every atom within the
lattice with a characteristic force distribution called QMFD.
QMED is related to electron wave functions, which are fun-
damental quantities reported by ab initio calculation codes.
Subsequently, the force equilibrium equation is solved via
Fourier transform in a computationally efficient manner.
RGFMD incorporates the quasiperiodic nature of the disloca-
tion core structure by accounting for the images of individual
atoms along the dislocation line. Our work supports the fol-
lowing novel advancements over the conventional atomistic
and classical elasticity methods for dislocations.

The classical elasticity force equilibrium equation for a
prescribed displacement boundary condition representing the
dislocation in elastic media. For anisotropic materials, this
method is also known as the ES framework. The ES frame-
work creates singularity at the core of the dislocation due to
the implication of the applied point load along the dislocation
line. The resulting divergent strain field precludes an accu-
rate elastic description of the dislocation core with classical
elasticity methods. Hence, conventionally, the core region is
excluded from elastic field calculations. RGFMD circumvents
this problem by introducing the bounded and well-defined
QMED fields representing the individual atoms near the

dislocation core. The resulting elastic fields are guaranteed to
be bounded and finite.

The ES framework is built upon the assumption of plane
strain conditions. Consequently, the elastic fields calculated
via the ES framework vary only within the plane that is normal
to the slip. However, the atomic configuration and the elastic
behavior vary along the dislocation line. Naturally, the elastic
fields of the dislocations must conform to the periodicity of
the underlying lattice in the threading direction of the disloca-
tion. This behavior is completely missed in classical elasticity
solutions. RGFMD accurately captures the variations in the
elastic fields along the dislocation line since it takes the
nuclear displacements of the atoms in three dimensions as
boundary conditions.

First-principles calculations of line defects determine the
nuclear positions of atoms near the dislocation core via min-
imization of the total energy of the system. To produce
tractable solution schemes, atomistic methodologies reduce
the degree of freedom of every atom to its nucleus’ positional
degree of freedom. This simplification bestows a discrete na-
ture upon the results of atomistic calculations. Consequently,
it is not possible to derive field representations of elastic
variables such as displacement and strain directly from ab
initio calculations. RGFMD bridges this gap between ab initio
calculations and continuum field theories. RGFMD takes the
discrete atomic displacement and QMFD data obtained via
first-principles calculations and generates the continuum elas-
tic fields of a dislocation core. By its derivation, the results
of the RGFMD calculation are guaranteed to fit the known
atomic displacements calculated using the ab initio methods.

Ab initio calculations necessitate the use of periodic or free
surface boundary conditions. First-principles codes calculate
and minimize the total energy of the given system, which
includes the elastic energy of the point and line defects con-
tained within, as well as interactions between the defects and
the boundary conditions. However, it is not easy to decouple
these contributions to isolate the elastic interactions of the
point and line defects that are under investigation. By solving
the force equilibrium equation for infinite media, RGFMD
provides an efficient way to decouple the elastic interaction
from the boundary conditions that are imposed by the simula-
tion. The elastic interactions between point and line defects
are known to affect the functional and mechanical proper-
ties of materials. One example of such a phenomenon is the
interaction between NV centers and TEDs in 4H-SiC. As a
promising qubit, NV centers’ spin properties are shown to be
affected by elastic distortions on the lattice. Hence, this study
also aims to provide insight into the possibility of utilizing
TEDs to tune the spin properties of NV centers for quantum
computing applications.
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APPENDIX A: CONVERGENCE OF RGFMD

Equations (6) and (8) can be used to compute the reg-
ularized Green’s function due to a dislocation. Equation (8)
simply sums up the infinitely many periodic images of the
same Green’s function along the dislocation line. Naturally, a
practical implementation of RGFMD requires one to truncate
the number of periodic images that are considered in the cal-
culations. As the truncation limit increases the computational
cost of calculating one dislocation Green’s function increases
linearly. In this study, we chose kp,x = 40 (i.e., 40 images
of the regularized Green’s function in both directions along
the dislocation line are considered) as a compromise between
computational efficiency and accuracy (Fig. 9). This choice
has been made by evaluating the error introduced by the trun-
cation in the individual components of the dislocation Green’s
function G”. We define the following error function:

Gg,k (xa ) — Gg,k:lOO (xa )

G¥(x)

8k =

(AD)

By this metric, the relative error in Green’s function compo-
nents Gy, G2y, and Gs3 calculated at the center of an atom
are all lower than 0.05 when kp,x = 40. Hence, we propose

(a)

(2110) I b

|R|
h
FIG. 10. Plot of scaling vector (k%) magnitude along the absolute

distance (R) from the slip; the distance is normalized by burgers
vector magnitude.

kmax = 40 as a reasonable compromise between computa-
tional cost and accuracy.

APPENDIX B: ESHELBY-STROH FORMALISM
FOR DISLOCATIONS IN ANISOTROPIC MEDIA

We briefly describe the ES formalism here for convenience.
See [36-38] for a more detailed exposition. First, we define
a coordinate with three vectors A, i1, and 7. The coordinate
system is chosen so that £ is parallel to the dislocation line, 7%
is a vector within the slip plane and normal to the dislocation
line, and 7 is normal to the slip plane. The Eshelby-Stroh

formalism solves the anisotropic force equilibrium equation
of the following form:

Buk
Cijn—— =

Bl
0x;0x (B)

To solve Eq. (B1), we introduce the Eshelby-Stroh constants
P and Ag,. ES constants can be found by solving the follow-

ing equations:
Cijkm(mi + patti) My + patty)Are = 0,
”Cijkm(mi + pani)(mm + panm)” =0,

—1;C;jkm (M, + Paty)Are = Lo, (B2)

where « = 1,2,3,...,6, k=1,2,3 and the Einstein sum-
mation convention is followed. ES constants are, in general,
complex valued. The components of ES constants are ar-
ranged following the convention as follows:

= Da;
ZAkou

Pa+3

Aka+3 (B3)
where « = 1,2, 3 and X is a complex conjugate of x. Sub-
sequently, the displacement field for a dislocation can be
calculated with the following formula:

Ui = 27” Z NaAiaLsabs In (Mpxy + miXgpo ),

1 fora € {1, 2,3},

— B4
T =121 fora € (4.5, 6, (B4)
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where i> = —1. Note that the displacement field u;(x) does
not vary along the dislocation line 7,

u(x) =u(x +at), forae R. (BS)

ES formalism starts its derivation by assuming the dis-
placement field is a function of the position within the plane
normal to the dislocation line leading to the invariance of
the displacement field [see Eqgs. (B4) and (B5) along the
dislocation line]. Basically, it is a two-dimensional (2D) for-
mulation. In our formalism, RGFMD, we do not resort to such
a mathematical simplification. Instead, RGFMD solves the
displacement field by directly solving the force equilibrium
equation in three dimensions and enforcing the known atomic
(nuclei) displacements as boundary conditions.

APPENDIX C: SCALING VECTOR (£*) DISTRIBUTION
AND CONVERGENCE

The change of the scaling vector (h* parameters) as a
function of distance from the dislocation core, as well as
the field convergence with the number of h* parameters are

cation core. (a) The strain field calculated by RGFMD projected onto
cut planes AA’ with the notation of profile placing. (b) Line profiles
of strain field of each model (ES Peierls, ES Volterra, and RGFMD).
Two example cuts [AA’ and BB’ planes, depicted in Fig. 7(b)] from
the RGFMD are shown; the line profile distance is normalized by
burgers vector magnitude.

shown for reference. In Fig. 10, the scaling vector magnitude
is shown in terms of the Euclidean norm, with respect to the
normalized distance from the slip. The scatter of data is driven
from different corrugated planes such as (hh and kk) along the
entire supercell after relaxation. In Fig. 11, the average of the
scaling vector magnitude for the different number of atoms is
plotted.

APPENDIX D: STRAIN FITIELD COMPARISON
AWAY FROM THE DISLOCATION CORE

As an extension of Fig. 7, the strain fields are compared
at and away from the dislocation core in Fig. 12. It is shown
that fields align from the dislocation core for both ES models
and RGFMD. At distances further away from the dislocation
core, the classical models show a comparable level of strain
field for normalized distances R/b larger than 2.5 [Fig. 12(b)].
However, near the core of the dislocation the Volterra solution
gives unbounded strains while the Peierls solution provides
much lower strains [Fig. 12(b)]. The RGFMD falls between
these two extremes and provides bounded strains of the order
of 0.1.
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