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Abstract
We use a generalized Peierls–Nabarro model ﬁtted to generalized stacking fault energies (GSFE) calculated from ab initio density
functional theory to study the eﬀect of interstitial nitrogen content on stacking faults (SF) in {1 1 1} plane of face-centered cubic (fcc)
Fe–N alloys. These simpliﬁed systems are reliable representatives of fcc Fe–Mn–N steels, for example, as Mn acts to stabilize fcc relative
to body-center phase but hardly aﬀects the GSFE. Here we study the dependence of stable SF widths of Fe–N alloys on GSFE versus
percent nitrogen. In contrast to the classical Volterra solution, in which the SF width depends only on intrinsic SFE value, our results
reveal a strong dependence of SF widths on intrinsic, unstable and maximally unstable SFE values. The model predicts ﬁnite SF widths
for negative intrinsic SFE values, a result which cannot be explained by the Volterra model, but arises due to the ﬁnite (and positive)
unstable SFE barrier that must be traversed even if the intrinsic SFE is negative, i.e. stable. This result has critical importance for
the observed SF formation and maximum widths. Namely, the stacking fault width is found to depend non-monotonically on the percentage of nitrogen with a maximum critical shear stress at 1 wt.% (4 at.%) N, in agreement with experiment, and also suggests a nonmonotonic critical shear stress dependence on nitrogen content.
 2006 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
High nitrogen steels (HNS) have emerged as a promising
class of materials because of their remarkably superior
mechanical properties which are due to the addition of
interstitial nitrogen. Nitrogen stabilizes austenite and its
solubility in austenite is higher than carbon, resulting in
higher toughness and improved strength [1]. The addition
of interstitial nitrogen has been reported to increase significantly the ﬂow stress of polycrystalline austenitic stainless
steels [1–3]. Similar results have been reported in studies
conducted on Hadﬁeld steel single crystals [4,5] and austenitic stainless steel single crystals [4,6–8].
*
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Nitrogen has been found also to aﬀect the dislocation
structure and deformation mechanisms, particularly twinning, in austenitic steels. Previous studies have shown an
early activation of twinning in nitrogen-alloyed Hadﬁeld
steel single crystals [4,5]. This is attributed to the lowering
of the intrinsic stacking fault energy (SFE) due to nitrogen
addition, resulting in increased separation of partials
required for twin nucleation. On the other hand, in austenitic stainless steels, planar dislocation structures are
observed for low nitrogen contents (60.4 wt.% N) and planar slip is the primary deformation mechanism [6,7]. In
these alloys, twinning is suppressed in favor of planar slip
for all orientations due to addition of nitrogen. The formation of coplanar arrays of dislocations and occurrence of
planar slip has been attributed to short range order induced
by nitrogen [9–11]. For higher nitrogen contents
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(P0.7 wt.% N), extensive twinning is observed [12,13] in
austenitic stainless steel single crystals. These studies indicate that the SFE of austenitic stainless steels depends nonmonotonically on nitrogen content.
It is, thus, seen that the mechanical response and properties of HNS are intimately related to the eﬀect of nitrogen
and nitrogen content on the stacking fault energy, and
perhaps the related short-range order. The impact of the
addition of nitrogen on SFE (or, more generally, the SFE
c-surface) is, however, not yet clear. Several researchers
have reported that addition of nitrogen results in a decrease
in the SFE of austenitic steels [14,15]. In contrast to these
experimental results, other studies have found that SFE
increases with nitrogen content [16]. Finally, some studies
have reported a nonmonotonic inﬂuence of nitrogen content on the SFE of austenitic steels [3,17,18]. Since, SFE
governs the deformation mechanisms and stress–strain
behavior of face-centered cubic (fcc) alloys, it is important
to determine the eﬀect of nitrogen content on the SFE of
HNS. This issue is addressed in the present study.
A complete speciﬁcation of SFE (or SF width) and its
dependence on solute content requires a robust, yet convenient framework to describe extended dislocations spanning multiple length scales. At macroscopic scale,
stacking faults and their interaction with dislocations are
described within the framework of continuum elasticity
usually incorporated in crystal plasticity models. However,
continuum elasticity models cannot capture atomic-level
entities like dislocation cores which are known to signiﬁcantly inﬂuence the mechanical behavior of crystals.
Hence, an accurate description of stacking faults (and various defects, in general) at microscopic scale requires atomistic models, since continuum elasticity breaks down at
these length scales. The gap between microscopic and macroscopic approaches can be successfully bridged through
the so-called mesoscale models, which incorporate features
of both the continuum approach and atomistics.
Currently, two types of mesoscale approaches have been
adopted by the research community: (i) The use of dislocation dynamics at mesoscale in conjunction with molecular
dynamics (MD) at microscale. In this approach, shortrange dislocation interactions are captured using MD,
forming the basis of ‘local rules’ [19], which are subsequently integrated into mesoscale dislocation dynamics
models [19,20]. (ii) The use of Peierls–Nabarro (P-N) model
to describe dislocation cores and dislocation mobility in
semiconductor materials [21] and fcc, body-centered cubic
(bcc) and hexagonal close-packed (hcp) alloys [22].
In recent years, there has been considerable interest in the
P-N model due to the advances in atomistic simulations
facilitating an accurate computation of generalized stacking
fault energies [21,23–28]. The generalized stacking fault
energy (GSFE), ﬁrst introduced by Vitek [29], is a comprehensive deﬁnition of stacking fault energy. In fcc alloys, a
single layer intrinsic stacking fault is formed when the regular fcc stacking of the {1 1 1} planes is changed from
. . . ABCABC . . . to . . . ABCA|CABC . . . , where | indicates

the position of the fault. In general, an n-layer stacking fault
is formed if this disruption in stacking is extended over n
layers. Here we focus on single-layer stacking faults. It is
possible to generate a single-layer stacking fault on {1 1 1}
planes in fcc alloys by shifting the upper half of the crystal
relative to the lower half by a displacement vector u along
the Æ1 1 2æ direction. The fault energy c of diﬀerent sheared
lattice conﬁgurations can be computed as a function of displacement u (or its components ux and uz), deﬁned as c(u) or
c(ux, uz). The function c(u), termed generalized stacking fault
energy (GSFE) by Vitek [29], is represented as a surface
(c-surface) or a curve (c-curve) along the Æ1 1 2æ direction.
Fig. 1 shows the fault conﬁgurations of interest, formed
during the shear of the fcc lattice along the Æ1 1 2æ direction.
The Burgers vector of the partial dislocation producing the
shear is denoted by bp = 1/6Æ1 1 2æ. Fig. 2 shows the c-curve
associated with this shear along with the plan view of the
fcc structure shown in Fig. 1. All fault energies are determined relative to the energy of the fcc structure. Shear displacement through uz = 0.5|bp| along the Æ1 1 2æ direction
results in the unstable fault structure shown in Fig. 1 having fault energy cus (point u on the c-curve in Fig. 2). The
fault energy cus was termed as the unstable SFE by Rice
[30] and this terminology is followed throughout this
paper. Of special interest here, is the stable fault structure
formed due to a shear displacement uz = |bp| (see Fig. 1)
corresponding to the local minimum s on the c-curve with
fault energy cisf (see Fig. 2). The equilibrium fault structure
corresponds to the intrinsic stacking fault (ISF) on {1 1 1}
plane with cisf as the intrinsic stacking fault energy (the
intrinsic stacking fault energy has been also referred to
the stable stacking fault energy by several researchers
[31,32] and both terms are used interchangeably in this
paper). Further shear beyond point s on the c-curve along
the Æ1 1 2æ direction results in another unstable structure at
uz = 2|bp| (Fig. 1). Due to the local, high energy, unstable
. . . ABCAA . . . stacking, this structure corresponds to a global maximum SFE, denoted by cmax here (point m on the
c-curve). It is noted that while both points u and m on
the c-curve in Fig. 2 correspond to unstable structures,
the respective fault energies, the required shear displacements and stacking sequences are completely diﬀerent. It
is, therefore, necessary to determine both cus and cmax in
addition to the intrinsic SFE cisf for a complete description
of the c-curve along the Æ1 1 2æ direction.
The GSFE data, determined from ab initio electronic
calculations, serves as an input to the continuum P-N
model which can be utilized to determine several useful
macro-parameters such as the Peierls stress, stacking fault
widths, energy required for cross-slip etc. The P-N model,
therefore, provides a convenient scheme to incorporate
data from ab initio electronic calculations into continuum
(crystal plasticity) models.
The classical P-N model [33,34] has several limitations,
the most important being its limited applicability to narrow
dislocations. The P-N model predicts very high elastic energies and unrealistic estimates of Peierls stress for narrow
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Fig. 1. Generation of generalized SFE curve (c-curve) along the Æ1 1 2æ direction. (a) fcc structure: point b on the c-curve in Fig. 2. (b) Unstable fault
structure: point u on the c-curve in Fig. 2. (c) Stable intrinsic SF structure: point s on the c-curve in Fig. 2. (d) Unstable fault structure: point m on the
c-curve in Fig. 2.

Fig. 2. FCC stacking and the c-curve for an fcc alloy. Points u, s and m denote unstable, stable and maximum SFE points respectively. (a) Plan view of
. . . ABCABC . . . fcc stacking. (b) fcc GSFE curve generated by a shear of B layer relative to A layer along the Æ1 1 2æ direction.

dislocation cores. Joos and Duesbery [25] modiﬁed the
original P-N formalism and generalized it to narrow dislocation cores. Bulatov and Kaxiras [24] pointed out that PN model uses two diﬀerent expressions—one continuous
and one discrete—for misﬁt energy to compute the slip distribution and Peierls stress, respectively. Further, the classical approach neglects transverse degrees of freedom
during translations over Peierls barrier. To overcome these
limitations, Bulatov and Kaxiras proposed a semi-discrete
variational generalized Peierls–Nabarro model which
removes these inconsistencies. Miller et al. [35] proposed

a nonlocal formulation of P-N model by accounting for
the eﬀect of large gradients in slip distributions through a
nonlocal contribution to misﬁt energy. Lu et al. [36] investigated the eﬀect of atomic relaxation on Peierls stress and
found that atomic relaxation can lower the Peierls stress by
an order of magnitude for narrow dislocations. Although
all these investigations have served to overcome several
limitations of Peierls–Nabarro model itself, there is a need
to implement the P-N model in a consistent manner to couple atomistics with continuum models for prediction of
materials behavior.
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In this paper, we present a generalized Peierls–Nabarro
model to describe extended dislocations and their stacking
fault energies in fcc Fe–N alloys. The fcc Fe–N systems are
a good representative of fcc Fe–Mn–N systems, as shown
later by addressing directly substitutional disorder in FeMn via electronic-structure calculations. By eliminating
the complexity of substitutional disorder, we may simplify
the system and focus on the critical factors related to the csurface, and, moreover, use band-structure methods requiring perfectly ordered unit cells that permit full relaxations
of cell and internal atomic coordinates. The consideration
of a more simple Fe–N binary alloy then allows us to illustrate the predictive capabilities of the generalized P-N
model. The purpose of the present work is:
(1) to investigate the eﬀect of nitrogen content in fcc
alloys on the GSFE.
(2) to correlate the width of stable SF in fcc alloys with
the GSFE.
The generalized stacking fault energy of Fe–N alloys has
been computed by ab initio density functional theory
(DFT). The eﬀect of nitrogen content on GSFE is investigated by varying the N content in the alloy from 0 to
2.0 wt.% N (i.e., up to 8.0 at.% N). As will be seen, the stable stacking fault width is found to depend strongly on the
nitrogen content and GSFE, in particular, the unstable
SFE value. The generalized P-N model has been utilized
in the past to explore the eﬀect of maximum and stable
SFE on the stacking fault width in a ‘typical’ isotropic
fcc metal [37]. However, their results do not explicitly
reveal the dependence of SF width on unstable SFE.
Results of the present investigations show that unstable
SFE energy value is a physically critical parameter determining the width of stacking faults in fcc alloys.
The outline of the paper is as follows. The dissociation
of a perfect dislocation into partial dislocations in fcc
alloys is brieﬂy discussed in Section 2. The limitations of
the classical Volterra model are also discussed and the need
for a generalized Peierls–Nabarro model is highlighted.
The generalized Peierls–Nabarro model for an extended
edge dislocation and the associated ab initio DFT calculations are described in Section 3 and details on interstitial N
as well as substitutional Mn and how chemical disorder
impacts the SFE are provided. The GSFE results from
ab initio DFT calculations are presented in Section 4.
Stacking fault width predictions of P-N model based on
these GSFE surfaces are also presented. The signiﬁcance
of these results is discussed in Section 5 and some key
observations are made regarding the dependence of stable
SF width on N content and c-surface. We close in Section
6 with ﬁnal remarks and a summary.
2. Background
As already noted, dislocations in fcc crystals prefer to
exist in an energetically favorable conﬁguration as planar

Fig. 3. Dissociation of a perfect dislocation into partial dislocations in an
fcc lattice.

defects called intrinsic stacking faults (ISF) bound by two
Shockley partial dislocations (Fig. 3). The dissociation in
(1 1 1) plane can be expressed as
b ¼ b1 þ b2
1 
½1 1 0 ¼ 1½1 2 1 þ 1½2 1 1
2

6

ð1Þ

6

The local stacking sequence inside the intrinsic stacking
fault is hcp-like: . . . ACACA . . . while the region outside
the stacking fault retains its fcc stacking (Fig. 1). Within
the framework of the classical Volterra model, the width
d of the stacking fault for a given extended dislocation depends only on the intrinsic stacking fault energy cisf [38]
and is given by



l
ðb1  t1 Þ  ðb2  t2 Þ
d¼
ð2Þ
ðb1  t1 Þðb2  t2 Þ þ
2pcisf
ð1  mÞ
where l is the shear modulus, m is the Poisson’s ratio and t1
and t2 are the line directions of the partial dislocations with
Burgers vectors b1 and b2, respectively.
Clearly, Eq. (2) suggests no dependence of the stable
stacking fault width d on c-surface except on the stable
SFE cisf. Further, Eq. (2) is based on force balance; a more
general basis for determining the width of the stacking fault
will be the minimization of total energy of the extended dislocation. A natural outcome of total energy minimization
of an extended dislocation is that the width of the stable
stacking fault will depend on the entire c-surface. Our
interest, here, is in characterizing how the stable SF width
depends on the c-surface. In particular, we seek a relationship of the form
d ¼ f ðcisf ; cus ; cmax Þ

ð3Þ

where, cus and cmax denote the unstable and the maximum
stacking fault energy values, respectively. In this work, we
have achieved this characterization through the generalized
Peierls–Nabarro model, which will be discussed next.
3. Methodology
3.1. Generalized Peierls–Nabarro model
Fig. 4 shows an edge dislocation with Burgers vector b in
the (1 1 1) glide plane. It dissociates into partials b1 and b2
as given by Eq. (1). The cartesian coordinate axes XYZ are
set up as shown with XZ as the glide plane, X-axis along
the b (direction ½1 1 0), Z-axis along the direction ½
1
1 2
perpendicular to X-axis and Y-axis along the glide plane
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Etotal ðdÞ ¼ Eelastic ðdÞ þ Emisfit ðdÞ
where
Eelastic ðdÞ ¼

Z

r

ðrxy ux þ ryz uz Þ dx

ð6Þ

cðux ; uz Þ dx

ð7Þ

r

and
Emisfit ðdÞ ¼

Z

r

r

Fig. 4. Splitting of a perfect edge dislocation with Burgers vector b along
the direction ½1 
1 0 on (1 1 1) slip plane. The XYZ coordinate system is set
up as shown.

normal [1 1 1]. The origin O of the XYZ coordinate system
lies on the dislocation line of partial b1. Within the classical
P-N framework, the displacement and shear stress for a
pure edge dislocation lying at the origin O are given by
x
jbj
arctan
ux ðxÞ ¼ 
2p
w
ljbj
x
rxy ðx; 0Þ ¼ 
2pð1  mÞ x2 þ w2
where, the core width w is related to the separation l between the two linear elastic half-spaces in the P-N model
[38] as
w¼

l
2ð1  mÞ

The classical P-N model can be generalized to the extended
edge dislocation shown in Fig. 4. The partial dislocations
have both edge and screw character. We denote the edge
components of the Burgers vectors for the two partials as
be1 and be2, respectively. The respective screw components
are denoted as bs1 and bs2. The displacements and shear
stresses due to edge and screw components can be written
separately as follows:
For edge components:



x
1
xd
jbe1 j arctan
ux ðxÞ ¼ 
þ jbe2 j arctan
and
2p
w
w
"
#
l
jbe1 jx
jbe2 jðx  dÞ
þ
rxy ðx; 0Þ ¼ 
2pð1  mÞ x2 þ w2 ðx  dÞ2 þ w2
ð4Þ
For screw components:



x
1
xd
jbs1 j arctan
uz ðxÞ ¼ 
þ jbs2 j arctan
and
2p
w
w
"
#
l jbs1 jx
jbs2 jðx  dÞ
þ
rxy ðx; 0Þ ¼ 
2p x2 þ w2 ðx  dÞ2 þ w2
ð5Þ
The total energy of the extended dislocation is given as the
sum of elastic and misﬁt energy, of which the elastic energy
can be determined from (4) and (5).

Substituting from Eqs. (4) and (5) into Eq. (6), we have
Eelastic as a function of d:
 2
 h i
 2

l
jbe1 j
r
l
jbe2 j
2
2
Eelastic ðdÞ ¼
þ jbs1 j ln
þ
þ jbs2 j
4p ð1  mÞ
2w
4p ð1  mÞ




rd
l jbe1 jjbe2 j
þ
þ jbs1 jjbs2 j
 ln
2w
4p ð1  mÞ




r2
rd
 ln 1 þ 2 arctan
w
w
#

 "
l jbe1 jjbe2 j
ðr  dÞ2
þ jbs1 jjbs2 j ln 1 þ
þ
w2
8p ð1  mÞ




rd
l jbe1 jjbe2 j
 arctan
þ
þ jbs1 jjbs2 j
w
8p ð1  mÞ
"
#


2
ðr þ dÞ
rþd
 ln 1 þ
arctan
ð8Þ
w2
w
Note that in Eq. (8), the ﬁrst two terms are the self-energy
terms of the partial dislocations b1 and b2. The remaining
terms are the interaction energy terms. Thus, the elastic
contribution to the total energy is given by Eq. (8). However, as suggested by Eq. (7), the determination of misﬁt
energy, Emisﬁt, requires an estimate of the c-surface.
3.2. Ab initio calculation of c-surfaces
In this work, the c-surface has been determined for Fe–N
using ab initio electronic-structure calculations based on
DFT. The electronic structure calculations have been performed with a pseudopotential based plane-wave method,
namely, the Vienna ab initio simulation package (VASP)
[39–41], which gives accurate energy diﬀerences between lattice structures and allows for relaxations. VASP utilizes
ultra-soft pseudopotentials (US-PP) as suggested by Vanderbilt [42] and supplied by Kresse and Hafner [43]. The
local density exchange-correlation functional is a generalized gradient approximation (GGA) form based on nonlocal corrections [44,45]. All the GSFE results are using
the US-PP, however, we validated with the more accurate
VASP based on projected augmented wave (PAW) formalism [46]. For example, the fcc–hcp energy diﬀerences with
US-PP and PAW are 68 and 69 meV per atom, respectively.
We have used L-layer (1 1 1)-based cell to calculate
defect energies and performed shear along the h1 1 
2i direction to create a single-layer intrinsic stacking fault defect
(see Fig. 2), with adjacent faults being separated by
L = 3n atomic layers (n is the number of fcc 3-layer
. . . ABC . . . stackings included). We assessed convergence
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of the SFE with respect to increasing L, which indicates
when the SF–SF interaction in adjacent cells due to periodic boundary conditions will become negligible. Initially,
a defect-free L-layer (1 1 1) cell was fully relaxed (both unit
cell vectors and internal atomic positions). This calculation
was followed up by incorporating a defect and performing
a full internal atomic relaxation, including perpendicular to
the glide planes in defected cases, until the atomic forces
were less than ±0.020 eV/Å. Clearly, if the unit cell is large
enough, the defect cannot aﬀect the unit cell vectors, only
the atoms adjacent to the defect. Regarding Brillouin zone
integrations, the total energies were converged for 6-layer
unit cells (for bcc and fcc primitive and hcp 2-atom cells)
using a 12 · 12 · 12 (20 · 20 · 20) special k-point mesh
[47]. We used a 237.5 eV plane-wave energy cutoﬀ. The
energy cutoﬀ and meshes provide the convergence of total
energy to about 0.001 eV/cell. The fault energy values were
found to be converged already for cells with 6 or more
layers. Hence, all our calculations are based on a 6-layerper-defect cell.
The need to investigate simpliﬁed binary Fe–N systems
instead of the more complex Fe–Mn–N systems arises
due to the necessity of using perfectly ordered cells to determine the c-surface. We note that band-structure methods
like VASP cannot address the eﬀect of substitutional Mn
and interstitial N disorder, as present in the processing of
high-temperature fcc Fe–Mn–N HNS. To investigate the
eﬀect of substitutional and/or interstitial chemical disorder,
we uses an all-electron, DFT total-energy method developed by Johnson et al. [48–50] based on the multiple-scattering method of Korringa, [51], Kohn and Rostoker [52]
(KKR) combined with the coherent-potential approximation (CPA) [53,54]. This total-energy method within the
CPA is widely and successfully used for dealing with chemical disorder and alloying eﬀects. For KKR we use s-, p-, d-,
and f-type orbitals in the basis, and von Barth and Hedin
local density exchange-correlation [55]. We use a Gauss–
Legendre quadrature contour integration with 24 energy
points [56] to get self-consistent charges from the Green’s
function. For the various faults calculated we use the same
6-layer cell, Monkhorst–Pack k-point meshes, etc., as used
for VASP. As the present KKR-CPA code uses the atomicsphere approximation (ASA) to perform spatial integrals
[57,58], it does not have local atomic forces, yet the
KKR-ASA can provide reasonably accurate energy diﬀerences, often on par with full-potential results, as shown
in Section 4.1. Thus, disorder can be included and we can
accurately determine the eﬀect of (in)homogeneous N distributions or the eﬀects of homogeneous additions of Mn
on the SFE. In Section 4.1 we demonstrate that the SFEs
of Fe–Mn–N systems are not signiﬁcantly aﬀected by addition of Mn. This outcome allows us to focus only on representative Fe–N binaries.
Another important consideration in the perfectly
ordered 6-layer (1 1 1) cells is the location of nitrogen atom
relative to the single-layer hcp-type stacking fault. In our
calculations, the N atoms were placed one, two and three

layers below the stacking fault at octahedral sites (the lowest energy sites). Our results indicate a strong dependence
of stable stacking fault energy on the relative location of
nitrogen atoms and this issue is discussed in detail in
Section 4.2, along with comparison to the KKR-CPA
results that provide direct determination of the SFE for
homogeneous distribution of nitrogen.
Due to 60 angular symmetry of the fcc lattice in {1 1 1}
slip planes, the GSFE surface has a 60 angular symmetry
as well. Hence, only a suﬃcient number of points need to
be calculated via DFT along the Æ1 1 2æ and Æ1 1 0æ directions
to specify completely the c-surface. A two-dimensional
Fourier series has been ﬁt through the electronically computed points in the (1 1 1) plane to estimate the GSFE.
The Fourier series approximation is of the form




 
4pux
2pux
2uz
cðux ; uz Þ  A0 þ A1 cos
þ A2 cos
cos
b
b
h


 
 
2pux
2uz
4uz
þ A3 cos
sin
þ A4 cos
b
h
h
 
 
 
4uz
6uz
8uz
þ A4 cos
þ A5 cos
þ A6 cos
h
h
h
 
4uz
þ A7 sin
ð9Þ
h
The above Fourier series approximation enables us to compute the misﬁt energy from Eq. (7). Computing both elastic
and misﬁt energies, the total energy Eq. (6) can be minimized with respect to stacking fault width d. The d at which
the total energy of the extended dislocation is minimum
will be the stable stacking fault width. The above minimization was carried out in Mathematica and the following
equation was numerically solved for d to obtain the stable
stacking fault width:
oEelastic ðdÞ
oEmisfit ðdÞ
¼
ð10Þ
od
od
The above computations were carried out for diﬀerent
nitrogen contents corresponding to diﬀerent values of stable and unstable SFE, and the width d was determined.
The results are summarized in the following section.
4. Results
4.1. Eﬀects of substitutional Mn and interstitial N disorder
on SFE
Fig. 5 show the calculated SFE for intrinsic and twin
faults in fcc Fe–12Mn–xN (at.%) (a typical composition
in Fe–Mn–N high nitrogen steels) versus the N content,
with N in octahedral sites (which are lower in energy than
the tetrahedral sites). Clearly, for homogeneous nitrogen
distributions, each SFE approaches zero around 4–5 at.%
N. As will be seen in Section 4.2, this zero value at 4–5
at.% N is the same as determined from the ‘average’ ccurve obtained by averaging VASP c-curves with N in different planes relative to the SF. The ‘average’ VASP cisf
values are listed in the ﬁrst row of Table 1. Note that the
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Table 1
Fe–Mn–N stacking fault energies (in mJ/m2) versus N and Mn content
(at.%) from KKR-CPA and ‘averaged’ VASP calculations, see text
N content in Fe–xN
‘average’ VASP cisf

0
380

4
0

8
200

SFE/at.%
73

N content in Fe–12Mn–xN
KKR-CPA cisf

0
404

4
87

8
179

73

Mn content in Fe–xMn
KKR-CPA cest
sf

0
393

6
411

12
429

3

KKR-ASA and VASP agree well for pure Fe, 393 vs. 380 mJ/m2,
respectively.
Mn content hardly aﬀects the SFE as shown in the ﬁnal row from a KKRhcpfcc
CPA SFE estimated via cest
=A1 1 1 , where A1 1 1 is the (1 1 1)
sf  2E
planar area per atom. The last column shows the change in SFE per at.%
impurity, highlighting the importance of N, not Mn, for aﬀecting the SFE.

Fig. 5. KKR-CPA predictions of SFE in fcc Fe–12at.%Mn (mJ/m2)
versus N (at.%) in octahedral sites for (squares) intrinsic and (triangles)
twin faults, i.e., 2ctsf. Ref. [59] shows why cisf 6¼ 2ctsf. For homogeneous N
distributions, SFE are zero around 4–5 at.% N, as also found from the
‘average’ c-curve from VASP, see text and Table 1.

VASP result is in agreement with the KKR-CPA result for
pure Fe. According to Table 1, our KKR-CPA results
show that Mn additions hardly alter the SFE (3 mJ/m2
per at.% Mn), whereas VASP and KKR-CPA show that
N additions change the SFE by 73 mJ/m2 per at.% N.
We, therefore, conclude that the SFE of Fe–Mn–N is not
dramatically aﬀected by the addition of Mn, only by the
addition of N. This result indicates that the fcc Fe–N systems are a good representative of fcc Fe–Mn–N systems.
Hence, all the subsequent results discussed below pertain
to a simpliﬁed fcc Fe–N binary alloy instead of Fe–Mn–
N systems.
4.2. Eﬀect of interstitial nitrogen on GSFE
Fig. 6 shows the DFT results of GSFE c-curves along
the Æ1 1 2æ direction for an fcc Fe–N binary with varying
nitrogen content. Two nitrogen contents were chosen to
illustrate the eﬀect of addition of interstitial nitrogen to
fcc iron: 1.0 wt.% N (4.0 at.% N) and 2.0 wt.% N (8.0
at.% N). The ‘average’ c-curves in Fig. 6 for 4 at.% N
and 8 at.% N represent values corresponding to homogeneously distributed interstitial nitrogen, and are obtained
by averaging the VASP results for diﬀerent locations of
N atoms relative to the SF. Again these ‘average’ values
correlate well with the KKR-CPA results for disordered
Fe–Mn–N alloy at around 4–5 at.% N (Table 1).
First, we note that the stable SFE for pure fcc iron is
negative at 380 mJ/m2. This implies that the hcp phase
is energetically more favorable than the fcc phase for pure
iron (indeed, for pure Fe, bcc is energetically the groundstate, followed by hcp then fcc phases). In other words,
fcc iron would prefer to be in hcp conﬁguration, if it can
overcome the energy barrier cus, either by thermal activa-

Fig. 6. c-curves along the Æ1 1 2æ direction for nitrogen contents of 0, 4.0
at.%N (1.0 wt.% N) and 8.0 at.%N (2.0 wt.% N) from VASP. See text for
deﬁnition of ‘average’.

tion or externally applied stress. Addition of 1 wt.% N
(4.0 at.% N) resulted in a signiﬁcant increase in the stable
stacking fault energy value from 380 to 0 mJ/m2, while
the maximum unstable SFE value changed from 2000 to
1830 mJ/m2. The corresponding changes in unstable SFE
values were found to be insigniﬁcant. A stable stacking
fault energy of 0 mJ/m2 for Fe–4 at.%N indicates that addition of 1 wt.% N made both fcc and hcp conﬁgurations
equally stable. With addition of 2 wt.% N (8 at.% N), the
stable SFE value increased to about 200 mJ/m2. Again,
the unstable SFE value was not observed to change significantly. The maximum unstable SFE value, however,
decreased to 1690 mJ/m2. It is, thus, clear from Fig. 6 that
addition of interstitial N signiﬁcantly increases the stable
SFE of iron and decreases the maximum SFE. For the representative fcc Fe–N systems considered here, the stable
SFE is negative for N content less than 1.0 wt.%, zero at
exactly 1.0 wt.% N (i.e. at 4 at.%) and positive for N content exceeding 1.0 wt.%.
In order to determine the eﬀect of generalized stacking
fault energy on stable stacking fault width, the c-surfaces
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corresponding to the DFT derived c-curves shown in Fig. 6
were approximated by a Fourier series ﬁt of the form given
by Eq. (9). Fig. 7 shows a representative c-surface ﬁt corresponding to Fe–4.0 at.%N (Fe–1.0 wt.%N).
Fig. 8 shows the stacking fault widths predicted by the
Peierls–Nabarro model as a function of the cisf (and therefore, interstitial N content). The stable SFE cisf was varied
from 380 mJ/m2 (corresponding to pure Fe) to 400 mJ/
m2 (corresponding to N content >2 wt.%) and the stable
stacking fault width d was determined for each case by
solving Eq. (10) using Mathematica. The classical Volterra
solution (Eq. (2)) is also plotted for comparison. It is seen
that, while the Volterra solution predicts ﬁnite stacking
fault widths only for cisf > 0 and diverges to inﬁnity as cisf
approaches zero, the Peierls–Nabarro model predicts ﬁnite
stacking fault widths even when cisf 6 0. This result suggests that the stable stacking fault width is not governed
by cisf alone. It will be shown below that stacking fault
width depends on unstable SFE and maximum SFE as well
and physically based arguments will be provided supporting this conclusion. From Fig. 8, it is further noted that
the width of the stacking fault increases with increase in cisf
from 380 mJ/m2 and reaches a peak, ﬁnite value at 0 mJ/
m2 (corresponding to 1.0 wt.% N) suggesting a nonmonotonic dependence of yield strength on nitrogen content.
We now investigate the dependence of stacking fault
width on unstable and maximum SFE in the spirit of Eq.
(3). Fig. 9 shows variation of stable stacking fault width
with unstable SFE, cus, for constant cisf and cmax corresponding to 1.0 wt.% N. The cus value for Fe-1.0 wt.%N
from DFT calculations is 514 mJ/m2 (see Fig. 6). In
Fig. 9, cus was decreased in steps from 514 to 50 mJ/m2
keeping all other SFE values constant. It is clear from
Fig. 9 that stacking fault width d increases from 5|b| to
about 8.4|b| with decrease in cus. This can be explained as
follows: a decrease in cus results in a lowering of energy

6
Peierls model

5
1.0 wt.%N

4
d/b

2998

3
2
Volterra
1
0
-400

-200

0
200
2
(mJ/m )

400

γisf

Fig. 8. Variation of SF width with stable intrinsic SFE, with maximum
and unstable SFE kept constant. The Peierls model predicts a ﬁnite SF
width for cisf 6 0, while the Volterra solution is deﬁned only for cisf > 0,
see text. Maximum SF width is for cisf = 0 at 1.0 wt.% N.

barrier to be overcome by the partials in order to transition
from the fcc to hcp conﬁguration. With a reduction in the
energy barrier, it is easier for the partials to attain hcp conﬁguration by overcoming cus, resulting in a wider stacking
fault. Alternatively, the higher the barrier for the partials,
the more diﬃcult it will be for the partials to overcome
the barrier and attain the energetically favorable hcp conﬁguration. Hence, the extended dislocation will have a
reduced SF width with increase in cus.
Fig. 10 reveals the eﬀect of variation in maximum
SFE, cmax, in addition to cus. Here, both cmax and cus are
varied but the ratio cmax/cus is kept constant at 4.0. The stable stacking fault energy, cisf, which corresponds to the
composition Fe–1.0 wt.%N, is kept constant. It is seen
from the plot that the stacking fault width increases from

Fig. 7. Fourier series ﬁt for c-surface of fcc Fe-4.0at.%N. cisf is zero for this case.
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mine whether nitrogen atoms have an aﬃnity for the hcp
stacking fault, the N atoms were placed at the stacking
fault as well as one layer, two layers and three layers
below stacking fault at the octahedral sites. Fig. 11 shows
the variation in the c-surface along the Æ1 1 2æ direction for
Fe–8.0 at.%N. The stable SFE is found to be highest
when the N atom is at the stacking fault and it decreases
as the N atom is placed progressively further away from
the single-layer stacking fault. The stacking fault energy
is found to be the least when the N atom is three layers
away (i.e. half-way between the periodic array of singlelayer stacking faults) from the hcp stacking fault. A similar trend is noted for Fe–4 at.%N (see Fig. 12). Clearly, it
is energetically favorable for N atom to be as far as
possible from the stacking fault. However, there will be

Fig. 9. Variation of SF width with unstable SFE. Maximum and stable
SFE values are kept constant. An increase in cus raises the barrier to be
overcome by the partials, resulting in a narrower stacking fault.
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Fig. 11. Change of c-curve along the Æ1 1 2æ due to location of nitrogen
atom relative to the SF for Fe-8 at.%N (2.0 wt.% N). Average curve gives
a positive stable SFE.

us (mJ/m )
Fig. 10. Stable SF width versus unstable SFE for constant ratio of cmax/
cus.

5|b| to about 15|b| corresponding to a decrease in cus from
514 to 100 mJ/m2. A comparison with Fig. 9 shows that
the eﬀect of variation of both unstable and maximum
SFE is more pronounced than cus alone. Physically, it is
diﬃcult to motivate the dependence of d on cmax, because
the partial dislocations do not need to overcome the barrier
due to cmax during zig-zag shear along the Æ1 1 2æ slip directions. It is, however, possible that variation in cmax changes
the proﬁle of the c-surface in a way as to make it easier for
the partials to overcome the cus barrier and attain the hcp
conﬁguration.
Finally, within the 6-layer (1 1 1) cell used here, we
explored the eﬀect of the location of nitrogen atom relative to the single-layer stacking fault on the Æ1 1 2æ c-surface. So far, in the above results, we have used average
c values corresponding to disordered fcc lattices with
homogeneously distributed interstitial nitrogen. To deter-

Fig. 12. Change of c-curve along the Æ1 1 2æ due to nitrogen atom location
relative to the SF for Fe-4 at.%N (1.0 wt.% N). Average curve gives a zero
energy stable SFE.

3000
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a distribution due to processing, kinetics, as well as interactions with dislocations, etc.
Figs. 11 and 12 also reveal that the DFT stable stacking fault energy strongly depends on the position of
nitrogen atoms in the atomistic model. The ‘average’ ccurve, corresponding to ‘homogeneously distributed’
nitrogen, have been reproduced from Fig. 6 and included
in Figs. 11 and 12 for comparison. The ‘average’ c-curves
are seen to lie approximately in the middle of the position-dependent curves. This ‘average’ c-surface is representative of homogeneously distributed N, as concluded
by comparing to independent KKR-CPA calculations
with perfectly random occupations of N in the octahedral
interstitial sites, both, with and without Mn substitutional impurities.
5. Discussion
In this paper, we have demonstrated a methodology for
design of high-nitrogen steels which spans multiple length
scales. The Peierls–Nabarro model has been implemented
in a consistent manner to couple atomistics based upon
density-functional theory with continuum models for prediction of mechanical behavior of high-nitrogen steels.
The predictions of the generalized P-N model have been
found to be consistent with experimental observations
and provide insight into the mechanisms governing the
deformation behavior of high nitrogen steels.
We have shown that addition of Mn hardly aﬀects the
SFE of in Fe–Mn–N steels. In fact, our KKR-CPA calculations of SFE for fcc Fe–xN (Table 1) show that substitutional Mn alters the SFE very little (about 3 mJ/m2 per
at.% Mn). On the other hand, N content has a pronounced
eﬀect on SFE of Fe–Mn–N steels (about 75 mJ/m2 per at.%
N), as seen in Table 1.
Our DFT results indicate an increase in stable SFE with
increase in nitrogen content, up to 1.0 wt.% N), see Fig. 6.
Notably, our results show that nitrogen stabilizes the fcc
phase (austenite) relative to hcp phase, such that, at 4.0
at.% N (i.e., 1.0 wt.% N), fcc and hcp are degenerate in
energy. Therefore, addition of nitrogen makes the fcc
stacking in high-nitrogen steels energetically more favorable relative to hcp stacking. Hence, the high-nitrogen
steels will prefer to stay in the more energetically favorable
austenitic state. In other words, nitrogen serves to stabilize
austenite. This result is in excellent agreement with the
experimentally reported property of nitrogen as an austenitic stabilizer [1].
Our SF width results shown in Figs. 8–10 reveal that the
stable stacking fault width is not a function of cisf alone, as
suggested by the Volterra model. Instead, the stacking fault
width is found to depend on the entire c-surface, speciﬁcally, on cus and cmax in addition to cisf. It is seen that formation of the stacking fault requires the leading partial to
overcome the energy barrier represented by cus. Consequently, our model predicts that ﬁnite width stacking faults
can be formed in fcc alloys with zero or negative stable

stacking fault energies due to positive energy barrier cus.
The dependence of stacking fault width on GSFE has been
reported before [37]; however, previous studies have not
revealed a clear dependence of SF width on unstable SFE.
We have identiﬁed cus as a physically critical parameter
determining the width of a stable stacking fault in fcc alloys.
The stacking fault width was found to depend nonmonotonically on the interstitial nitrogen content in the
Fe–N binary alloy (see Fig. 8). Cross-slip of extended screw
dislocations in high nitrogen steel crystals will require
resolved shear stress suﬃcient for the recombination of
partials. For crystal orientations where cross-slip of screw
dislocations is the dominant deformation mechanism,
Fig. 8 suggests that the contribution to critical stress for
recombination of partials at the onset of cross-slip will initially increase with nitrogen content up to 1.0 wt.% and
then decrease with further addition of nitrogen beyond
1.0 wt.%. To the authors’ knowledge, experimental studies
on dependence of critical shear stress on N content up to
and beyond 1.0 wt.% in Fe–Mn–N steels have not been
reported so far, but, similar trends of non-monotonic
dependence have been experimentally observed and
reported for yield stress of polycrystalline high nitrogen
steels [60]. Our results are in agreement with these experimental investigations. This suggests that the model is able
to predict strain hardening of HNS due to nitrogen.
Finally, Fig. 8 also indicates that increasing N content up
to 1.0 wt.% will make cross-slip of screw dislocations more
diﬃcult due to increasing SF width, suggesting that an
alternate deformation mechanism like twinning must be
activated to accommodate plastic deformation, as is experimentally observed in HNS [1].
6. Conclusion
We have employed ﬁrst-principles, density-functional
theory (DFT) electronic-structure methods to calculate
the (1 1 1) plane generalized stacking fault energy surface
for fcc Fe and fcc Fe–N alloys as a function of nitrogen
content. We have demonstrated that addition of substitutional Mn does not signiﬁcantly aﬀect the SFE of Fe–
Mn–N steels, while interstitial N does and that the binary
fcc Fe–N systems are good representatives of the more
complex fcc Fe–Mn–N systems. Utilizing a generalized Peierls–Nabarro model, the stable stacking fault widths were
correlated to the DFT generalized stacking fault energies.
Our investigations show that the width of stacking faults
in fcc alloys is determined by the complete c-surface, not
just by the stable SFE, cisf. Speciﬁcally, our results reveal
that unstable SFE energy value, cus, is a physically critical
parameter governing the stacking fault width, rather than
the stable SFE, for example. Due to the eﬀect of cus, ﬁnite
stacking fault widths were predicted by the generalized
Peierls–Nabarro model for zero or negative stable stacking
fault energies, for which the classical Volterra solution is
not valid. The stable stacking fault width was also found
to depend strongly on interstitial nitrogen content. The
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stacking fault width, and consequently, the critical stress
for the onset of cross-slip of screw dislocations, was found
to depend non-monotonically on the interstitial nitrogen
content in the fcc Fe–N system. This trend is in agreement
with the experimentally observed trends for yield stress
dependence of fcc alloys on nitrogen content. Finally, our
results suggest that an increase in N content up to
1.0 wt.% will likely promote an alternate mechanism like
twinning instead of cross-slip to accommodate plastic
deformation, which is consistent with experimental
observations.
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