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The study of near-threshold fatigue crack growth has long remained an empirical field due principally to
the highly microstructure-sensitive nature thereof. The primary challenges have been to forward physical
model(s) informed by the governing micromechanism(s), which would be able to predict the experimen-
tal behaviors devoid of empiricism. Today, we have sophisticated experimental techniques (e.g. digital
image correlation, electron microscopy) as well as atomistic simulation tools (e.g. molecular dynamics)
at our disposal to finally revisit the century old fatigue problem in the light of physical phenomena
therein. This paper is geared towards achieving such a feat with a very special type of materials,
nano-twinned alloys, as the candidate materials, which are of great recent interest due to their reportedly
superior damage properties. Specifically, we investigate how the microstructural features (e.g. slip
transfer mechanism at coherent twin boundaries, twin thickness/spacing, frictional stress, pre-existent
near-tip slip density) can be modulated to improve the damage resistance. The results suggest that these
parameters considerably affect the crack propagation impedance (as quantified in terms of DKth

eff ).
A thorough discussion of the current findings and the most recent literature developments in this regard
are provided.

� 2015 Elsevier Ltd. All rights reserved.
1. Introduction

1.1. Motivation and objective

Nanotwinned metals and alloys are novel emerging materials
that are drawing considerable research interests thanks to their
superior mechanical properties [1–3]. Given their considerable
promise, their fracture and fatigue properties have come under
scrutiny only in the recent years [4–6]. Quite interestingly, the
damage tolerance of these nanotwinned materials is found to be
demonstrably improved compared to the more conventional coun-
terparts. In this context, we note the importance of further studies,
specifically addressing the microstructure-sensitive crack growth
regime. In particular, it would be of great interest to establish
the relevant factors governing the near-threshold crack advance
mechanism(s) in the presence of nano-scale twins. Essentially,
the very nature of the problem necessitates a synergistic approach
between sophisticated experimental characterizations and the req-
uisite theoretical underpinnings at the microscopic level. Recently,
there have been considerable developments in connecting atomic
scale physical process to the macroscale deformation behaviors
[7–9]. To that end, we first probe into the experimental crack prop-
agation behavior(s) of nanotwinned Ni–2.89 wt.% Co alloy, and
then rationalize the findings with a physical theory. Our modeling
strategy is twofold involving both non-continuum and continuum
analyses: (1) studying the role of coherent twin boundaries on the
crack-emitted slip (via atomic-scale simulations), and (2) examin-
ing the cyclic crack advancement metrics influenced by nano-sized
twins (via continuum scale simulations).
1.2. Experimental damage properties

As the crack tip is a source of dislocations [10] and dislocation
patterns evolving under cyclic loading are directly related to the
twin thickness [11], it is reasonable to expect that twin volume
fraction will affect the fatigue damage impedance of nanotwinned
metals/alloys. Singh et al. [12] reported that decreased inter-twin
spacing results in a substantial improvement of fatigue crack
growth resistance in nanotwinned Cu. Similar enhancement in
the damage properties was also noted by Sangid et al. [13]
for the case of electrodeposited nanotwinned Ni–Co alloys. In
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Nomenclature

FCG, CTB fatigue crack growth, coherent twin boundary
MD, GSFE molecular dynamics, generalized stacking fault

energy
HT heat treated
EAM embedded atom method
DIC Digital Image Correlation
da/dN FCG rate
a crack length
N number of cycles
br magnitude of residual Burgers vector
K, Kmax, Kopen stress intensity factor (SIF), maximum SIF, open-

ing SIF
DK;DKth;DK

th
eff SIF range, threshold SIF range, effective threshold

SIF range
kIIIa, kIIIe local applied SIF, critical SIF to emit slip
R load ratio
G shear modulus
Emisfit, Eelastic misfit and elastic energy
m Poisson’s ratio

d lattice constant
t, s twin thickness, twin spacing respectively
h angle between crack and slip paths
r radial distance measured from the crack tip
p Paris law exponent
C Paris law proportionality constant
T T stress
Tw twin coordinate frame
nC number of crystal dislocations, number of pre-

existent dislocations
nemit number of dislocations emitted from the crack tip
nres number of residual dislocations
Du irreversible crack tip displacement in Burger

vector’s direction
emax maximum strain at the crack tip plastic zone
eirr irreversible strain at the crack tip
x, y horizontal and vertical positions of dislocations

respectively
rF ;rBarrier

F unobstructed and obstructed slip glide stress
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particular, the electron microscopy of fatigued Ni–Co alloys indi-
cated a widespread presence of slip-mediated plasticity subjected
to the twins. The foregoing literature findings strongly suggest that
the mechanistic origin of the observed near-threshold damage
properties can be attributed to the outcome of massive slip–twin
interactions. Particularly, we note that the cyclic crack increment
would be directly proportional to the degree of crack-emitted slip
irreversibility, which would be governed by a specific outcome of
the slip–twin interaction [14–16]. In other words, the greatest
resistance to the cyclic crack growth would intuitively originate
from the case of slip–twin interception with the least extent of slip
irreversibility. Hence, it is imperative to pinpoint such slip inter-
ception mechanism to better understand the mechanistic origin
of the reportedly superior damage impedance of nanotwinned
materials.
1.3. Theoretical developments

Considerable progress has been made in understanding the role
of CTBs on transferring dislocation slip [17,18]. Early literature
noted that a CTB can allow: (1) full transmission of slip with no
residual slip on the interface (i.e. the cross-slip through the bound-
ary), (2) partial transmission when an interfacial residual slip
develops and (3) no transmission whatsoever (i.e. the incorpora-
tion onto the boundary) [19]. These interaction outcomes are
strongly dependent on the local stress state and the geometry of
the approaching slip [20]. The effects of these reaction outcomes
on the fatigue crack propagation properties have most recently
been addressed by Chowdhury et al. [16,21,22]. Particularly, they
considered the case of non-zero residual dislocation, and demon-
strated how the irreversibility of the associated slip trajectory
would be influenced.

Earlier, Pippan et al. [23,24] devised a continuum dislocation
model to demonstrate the importance of considering irreversibility
of discrete slip (in the presence/absence of obstacles) to quantify
fatigue threshold metrics. A complete analysis of the cyclic
slip–barrier interaction outcomes i.e. the role of residual slip, from
a non-continuum standpoint could provide useful mechanistic
insight in this regard. It can be inferred from the Chowdhury
et al.’s study [16,21,22] that a lower magnitude of residual slip
promotes the overall slip reversibility, and hence decelerates the
attendant crack growth rate.
Given the foregoing background, the cross-slip of a screw dislo-
cation is particularly noteworthy, and bears important mechanistic
implications regarding the fatigue crack growth resistance. The
cross-slip at a twin boundary would occur with the least amount
of frictional resistance due to the absence of residual slip [19].
Most notably, under cyclic loading, the lattice impedances for
forward and reverse cross-slip would essentially be similar,
unlike other reaction types (where reverse glide would be more
difficult due to the residual dislocation) [16]. In other words, the
cross-slip can be associated with the least irreversible dislocation
trajectory during fatigue loading.
1.4. Current approach

In light of the foregoing discussion, one can identify the govern-
ing factors for the near-threshold crack growth properties of
nanotwinned materials, namely, the characteristic twin dimen-
sions (i.e. thickness and spacing), the initial dislocation density
and slip–twin interaction types. This paper aims to analyze the
effects of these factors in cross-slip configuration. First, fatigue
crack growth experiments are performed on electrodeposited
nanotwinned Ni–2.89 wt.% Co before and after heat treatment.
We characterize the threshold stress intensity factor range and
the ensuing Paris regime of nanotwinned Ni–Co for both cases.
Then, we employ a high magnification, in situ DIC technique to
quantify the degree of axial, cyclic irreversible strain at the crack
tip. Transmission electron microscopy (TEM) is utilized to note
the microstructural differences between the pre- and post-heat
treated materials. On theoretical grounds, we conduct molecular
dynamics (MD) simulations to investigate the cross-slip of a
crack-emitted dislocation across a CTB. Particularly, the energy
barrier for cross-slip is quantified and then used in a Peierls–
Nabarro formalism [25,26] to extract the associated lattice friction
stress. Thus-computed friction stresses are used as an important
ingredient in a continuum scale dislocation motion simulation.
These fatigue crack growth simulations, informed by the atomisti-
cally calculated glide strengths are then used to isolate the role of
twin boundaries on the damage metrics of the Ni–Co alloys. In
essence, we propose a generic modeling platform to test the role
of friction stress, twin dimension and pre-existent dislocation
density (in the near-tip area) on the damage resistances in terms
of the effective threshold stress intensity range. In doing so, no
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empiricism is invoked. The theoretical results serve to provide a
physical rationale for the observed experimental fatigue behaviors.
2. Methods

2.1. Experiments

The as-received Ni–2.89 wt.% Co, supplied by NiCoForm Incor-
poration [27], was heat treated for 4 h at 600 �C (the post-
treatment material being designated as Ni–Co 600 HT henceforth).
This promotes a microstructure with coarser grains and twins as
well as minimizing the dislocation density. The average grain size
for pre-treatment Ni–Co was measured as 97 nm while for Ni–Co
600 HT as 430 nm using the linear intercept method on the TEM
images. Further details about the materials preparation and the
fatigue crack growth tests could be found in [13].

To measure near-tip strains in the current work, the stress
controlled fatigue experiments under the same aforementioned
conditions, with the applied stress range of 13.75–275 MPa, were
conducted on both Ni–Co and Ni–Co 600 HT by using SEM Tester
load frame under Olympus BX51M optical microscope. SEM Tester
allows running in-situ experiments under optical microscope and
Scanning Electron Microscope (SEM) so that high magnification
images for DIC can be collected in situ. The resolution of the images
at this high magnification experiment is 0.21 lm/pix. An illustra-
tion of the general methodology for correlating emax, and v fields
near the crack tip can be seen in Fig. 1.

Multiple experiments were conducted to examine the
scatteredness in the trends, which was found very negligible.
2.2. Molecular dynamics

MD simulations were conducted by LAMMPS software [28]
using a Ni–Co embedded-atom interatomic potential (Ni–2.78 wt.
% Co composition) based on an EAM pair-potential from the
literature [29]. In order to simulate the cross-slip at a twin bound-
ary, an annealing twin was constructed. More details regarding the
MD procedure adopted for the current work could be found at [30].
The snapshots from the MD simulation were analyzed by VMD [31]
and Atom Eye [32] visualization tools.
Fig. 1. The schematic on the left shows the notched fatigue test specimen. The figure in th
is a contour plot for vertical displacement field correlation.
3. Results

3.1. Fatigue crack growth experiments

In the fatigue crack growth experiments, the plane stress verti-
cal displacement field, v, at the crack tip was captured for the each
cycle, and regressed using Eq. (1), to fit the stress intensity factor,
KI (following the same procedure as outlined in [13]).

v ¼ KI

G
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where r is the radial distance measured from the crack tip, G the
shear modulus (50 GPa), m the Poisson’s ratio and h is the angle to
horizontal axis. The A and B terms correspond to the rigid body
rotation and the translation respectively. The parameter T repre-
sents the uniform stress component in the horizontal direction
(which is also commonly known as T-stress).

The effective stress intensity factor range, DKeff, which is
responsible for the crack propagation is obtained from Eq. (2). An
accurate measurement of the Kopen level is extracted from the
digital image correlation analyses.

DKeff ¼ Kmax � Kopen ð2Þ
The crack growth rates measured for Ni–Co and Ni–Co 600 HT

were fitted into the Paris Law [33] in Eq. (3) to study the relevant
coefficients.

da
dN

¼ CðKmax � KopenÞp ¼ CðDKeffÞp ð3Þ

The measured fatigue crack growth rate versus DKeff data are
presented in Fig. 2. The slope of the Paris regime, p, was measured
to be 1.3 and 2.0 for Ni–Co and Ni–Co 600 HT respectively. Typi-
cally, the value of p ranges from 2 to 7 [34] for conventional
coarse-grain ductile metals. Therefore, the current materials
demonstrably possess superior fatigue crack growth resistance.
The measured Paris Law coefficients and the effective threshold

stress intensity factor range, DKth
eff , are summarized in Table 1.
e middle presents the strain field correlation for emax using DIC. The rightmost figure



Fig. 2. Fatigue crack growth rates for Ni–Co and Ni–Co 600 HT plotted versus
effective stress intensity factor range.

Table 1
Paris law coefficients and the effective threshold stress intensity factor ranges of Ni–
Co and Ni–Co 600 HT.

Specimen p C DKth
eff

Ni–Co 1.3 9.0 � 10�7 8.0 MPa
ffiffiffiffiffi
m

p
Ni–Co 600 HT 2.0 5.0 � 10�7 3.5 MPa

ffiffiffiffiffi
m

p

Fig. 3. The correlation of the parameters emax and eirr with crack length, a. The inset
DIC image shows emax field correlation at a crack length of 150 lm. Ni–Co 600 HT
exhibits higher slip irreversibility near the crack tip compared to Ni–Co.
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3.2. High magnification fatigue crack growth experiments

The maximum and the irreversible plastic strain at the cracktip
(emax and eirr respectively) are measured at different crack lengths
as in Fig. 3. Both emax and eirr in Ni–Co 600 HT are observed to be
larger than Ni–Co. The higher magnitude of eirr in Ni–Co 600 HT

is believed to be reason for the lower DKth
eff thereof. Note that both

of emax and eirr increases with the crack length. The DIC image
placed as an inset of Fig. 3 shows the eirr field accumulated near
the crack tip in Ni–Co 600 HT for a crack length of 150 lm.

3.3. Microstructure study using transmission electron microscopy (TEM)

TEM images are taken both from the undeformed and the fatigued
specimens. In Fig. 4a, the microstructure of the undeformed Ni–Co is
characterized by nanograins and nanotwins. Additionally, the presence
of dislocations in the undeformed Ni–Co sample can be seen in Fig. 4a.
The arrow points to the dislocations bowing out from the twin and
grain boundaries. The dislocations are observed to be clustered near
the twin and grain boundaries after the fatigue deformation in Fig. 4b.

Following the heat treatment, the undeformed material under-
goes grain and twin coarsening as can be seen in Fig. 5a. The dislo-
cation density is observed to be lowered, compared to Ni–Co in
undeformed sample. The ‘‘t” letter indicates the twin thickness,
later to be used in modeling. As a result of cyclic deformation, in
Fig. 5b, the dislocation density increases. Twin and grain bound-
aries are observed to be the preferred sites for slip localizations.

To model the experimental observations, we conduct atomistic
and continuum scale simulations described as follows.

4. Modeling

4.1. Molecular dynamics simulations

4.1.1. Study of slip–twin interaction mechanism
MD simulations were conducted in order to study the nature of

crack-emitted slip interacting with a coherent twin boundary
(CTB). A single crystal of Ni–2.78% Co is constructed with an
annealing twin of a finite thickness [16]. A dislocation source
placed in the vicinity of one of the coherent twin boundaries
(CTB). With applied loads, an extended screw dislocation (consist-
ing of a leading and a trailing partial) approaches the CTB from the
source on the most favorable slip plane. On intercepting the CTB, it
is transmitted inside the twin in the form of a new pair of a leading
and a trailing partial. There is no residual dislocation present on
the twin boundary at the end of this reaction (Fig. 6). This interac-
tion is essentially a cross-slip phenomenon. The same reactions
occur on reversing the loading. The forward and reverse reactions
were summarized in Eqs. (4) and (5) respectively. The ‘‘Tw”
subscript denotes twin coordinate.
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Next, the frictional stress for the cross-slip at the CTB is calcu-
lated using Peierls–Nabarro (PN) formulations [35]. The most
important input to the PN model is the unstable stacking fault
energy, cus, the extrinsic value of which is calculated (discussed
in more details in Section 4.3). Using the frictional stress, based
on the MD simulations, a continuum dislocation based fatigue
simulation model is proposed.

4.2. Continuum dislocation motion simulations

Now, we propose a continuum based fatigue model, which also
uses input from the MD calculations. A mode III crack, emitting
screw dislocations, is placed near an annealing twin, and the
resulting irreversible motion of dislocations are quantified under
a single load cycle with a load ratio, R = 0.05. The applied stress
intensity factor, KIIIa, is cycled between Kmin to Kmax incrementally.
Unless otherwise stated, the crystal configuration is modeled as
dislocation free. The general geometry and loading used for KIIIa

increments throughout the dislocation motion simulations are
illustrated in Fig. 7.

The dislocation emission from the crack is controlled by the
local stress intensity factor at the crack tip, kIII, which is the same
as KIIIa in the absence of dislocations. When kIII reaches the critical
local stress intensity factor value for dislocation emission, kIIIe, a
positive screw dislocation is emitted from the crack tip and its



Fig. 4. (a) The undeformed microstructure of Ni–Co. The nanotwins with pre-existent dislocation are visible. (b) Dislocation–twin interactions resulting from cyclic loading
can be seen.

Fig. 5. (a) Ni–Co 600 HT microstructure before deformation. The twins and the grains are coarsened. Lower dislocation density compared to Ni–Co is observed as a result of
the recovery processes. The ‘t’ indicates twin thickness. (b) Ni–Co 600 HT microstructure after a fatigue experiment.
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equilibrium position is evaluated by invoking force equilibrium.
kIIIe value for the dislocation emission is provided in Eq. (6) where
xc is the core width of the emitted dislocation, which is 4.2
Angstrom for Ni–2.89 wt.% Co [36].

kIIIe ¼ Gbiffiffiffiffiffiffiffiffiffiffiffi
8pxc

p þ
ffiffiffiffiffiffiffiffiffiffiffi
2pxc

p
rF ð6Þ

The force acting on the ith dislocation in the matrix is evaluated

according to Eq. (7) where g ¼
ffiffiffiffiffiffiffi
�1

p
; ri ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
x2i þ y2i

q
and hi = a tan (yi/

xi) [37]. bi is the Burgers’ vector of the corresponding dislocation
where b ¼ j1=2 �110

� �j. Eq. (7) was solved for xi values to determine
dislocation positions at each increment of KIIIa. The yi values can be
written as a function of xi’s by using the simple trigonometric rela-
tions for the configurations described in Figs. 6 and 7. For the neg-
ative dislocations, the sign of the Burgers’ vector is changed from
positive to negative.
KIIIabiffiffiffiffiffiffiffiffiffiffi
2pri

p cos
hi
2

� �
þ
Xn
i¼1
i–j

Re
Gbj

4p ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xi þ gyi

p U
� �

bi � k
Gbi

4pri
cos2

hi
2

� �
bi

� rFbi ¼ 0 ð7Þ

where U is given as in Eq. (8).

U ¼ 1ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xi þ gyi

p � ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xj þ gyj

p � 1ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xi þ gyi

p þ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xj � gyj

p ð8Þ

In the equations above n is the total number of dislocations
(which could be either the number of dislocations emitted from
the crack tip i.e. n = nemit or the initially present crystal dislocations
i.e. n = nC). The parameter k is assumed to be unity, and rF is the
unobstructed friction stress for pure Ni–Co which is predicted to
be 60 MPa (as detailed in the following section). rF would be
replaced with rBarrier

F (145 MPa) if the crack-emitted dislocation is
very close to the twin boundaries (within 5b). This proximity



Fig. 6. The dissociated screw dislocation approaches to the coherent twin boundary and cross-slips. There is 39� angle difference between incoming and outgoing slip planes.
The inset is a TEM image of the Ni–Co 600 HT fatigued specimen demonstrating dislocations around a twin boundary, a situation which is simulated for the cross-slip case.

Fig. 7. (a) The loading configuration of the dislocation based fatigue model under mode III. The emitted positive screw dislocations cross-slip a twin boundary. Inside the twin
lamellae, the dislocation glide planes make an angle of 39� with the planes in the matrix, which results in a decrease of resolved shear stress on the glide plane. (b) The
unloading configuration where the twin boundaries affect the glide path irreversibility.
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condition is determined from the Generalized Stacking Fault
Energy (GSFE) curve [38] calculated from the MD simulations.
The GSFE curve resulting from the slip transmission across a CTB
differs from the one in a perfect crystalline within ±5b distance
of a CTB. The first term in Eq. (7) represents the force field due
to the applied stress intensity factor whereas the second term
represents the interaction of the dislocations among each
other. The third term accounts for the image force of the crack
surfaces.

The governing equation for the twin lamellae are given in Eq. (9)
[36,39]. Note that Eqs. (7) and (9) ought to be solved simultaneously.

KIIIabiffiffiffiffiffiffiffiffiffiffi
2pri

p cos 39� � hi
2

� �
þ Gb2

i ðsinð39� � hiÞ � sinð39oÞÞ
4pri sinðhiÞ

þ
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4p ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xi þ gyi

p U
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cosð39�Þ

�
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Gbj
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xi þ gyi

p U
� �

sinð39�Þ � rFbi ¼ 0 ð9Þ

In the presence of near-tip dislocations, the local stress inten-
sity factor at the crack tip, kIII is not equal to KIIIa, anymore. The
positive screw dislocations cause shielding at the crack tip during
loading and hence lower kIII. Eq. (10) shows the evaluation of kIII
in presence of dislocations ahead of the crack tip.

kIII ¼ K IIIa �
Xn
i¼1

Gbiffiffiffiffiffiffiffiffiffiffi
2pri

p cos
hi
2

� �
ð10Þ

During unloading, there is no dislocation motion unless the
applied forces acting on the dislocations are lower than �rFbi or
�rBarrier

F bi (i.e. at the CTB) depending on their locations. At this crit-
ical value, the positive screw dislocations begin to move back to
the crack tip. As the dislocations get closer to the crack tip, the local
stress intensity factor decreases and at some point becomes lower
than �kIIIe which is the critical value for negative screw dislocation
emission. A negative dislocation cause increase in kIII at the crack
tip unlike a positive one. The interaction of positive and negative
dislocations may result in residual dislocations left at the end of
the cycle that is quantified as nres. The cyclic irreversible crack
tip displacement in Burgers’ vector direction, Du, is quantified in
Eq. (11), below.

Du ¼ nresb ð11Þ

Theoretically, the smallest Du value can be chosen as b, which
corresponds to one dislocation.



Fig. 9. The barrier friction stress (i.e. the strength of the CTB to slip incidence) has a
significant effect on the crack growth threshold. As the strength of the CTB
increases, so does the effective threshold stress intensity factor range.
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4.3. Peierls–Nabarro formulation

The lattice frictional stresses for both free glide (rF) and the
glide across a CTB (rBarrier

F ) were evaluated using Peierls–Nabarro
formulations [40–43]. Eq. (12) describes the determination of
rBarrier

F where u⁄ is the dislocation translation distance [41].

rBarrier
F ¼ max

1
b
dEtotal

du�

 !
ð12Þ

The total energy requirement is evaluated by summing up mis-
fit energy, Emisfit, elastic energy, Eelastic, and subtracting the external
work done, W for a single full dislocation per unit length as in Eq.
(13).

Etotal ¼ Emisfit þ Eelastic �W ð13Þ
The details about individual energy terms were provided in

Appendix A for the interested reader.
For cross-glide of a full screw dislocation across CTB, rBarrier

F

value is 145 MPa while the free glide resistance rF is found to be
60 MPa. The configuration corresponding to cross-slip exerts the
lowest resistance against dislocation transmission owing to the
absence of any br. Quantification of rBarrier

F according to the varying
magnitude of br is shown in Fig. 8 [35].
4.4. Simulated microstructure effects on fatigue threshold

Different scenarios were devised in order to quantify the trends
in the fatigue threshold values of Ni–Co. The cyclic irreversibility
values, Du, for the threshold condition were chosen as 10b (i.e.
2.5 nm).

The friction stress at the twin boundary was set equal to
145 MPa (i.e. for cross-slip), 250 MPa and finally 60 MPa which is
same as the unobstructed glide friction stress, rF. For 60 MPa case,
due to the change in the orientation of slip systems across a CTB,
the applied shear stress on a dislocation is reduced inside the twin

lamellae. In Fig. 9, the resulting DKth
eff values for the three cases

with varying twin thickness (chosen equal to inter-twin spacing
for this case) values are presented. The simulation results indicate

that DKth
eff increases as the barrier strength is elevated. For example,

for 10 nm thick twin lamellae, DKth
eff calculated to be shifting from
Fig. 8. The relation between the magnitude of residual Burgers vector and the
magnitude of the barrier friction stress. As br increases in magnitude, the friction
stress amplification gets more pronounced. The minimum amplification is evalu-
ated for cross-slip configuration as seen at br = 0.
2.54 MPa
ffiffiffiffiffi
m

p
to 4.8 MPa

ffiffiffiffiffi
m

p
and 6.3 MPa

ffiffiffiffiffi
m

p
, as rBarrier

F , increases
from 60 MPa to 145 MPa and 250 MPa respectively. The same
trend is also valid for the other twin thickness values in the simu-
lated range of 10–60 nm, although the most prominent difference
was evaluated for 10 nm case.

The high magnification experiments revealed that eirr accumu-
lates at the crack tip at higher rates as the crack advances. In the
dislocation motion simulations, a similar effect has been observed
for Du values which are plotted with respect to the corresponding
crack lengths in Fig. 10. The number of crack-emitted dislocations,
nemit, were also added in this plot. Because it reflects the crack tip
shielding and the irreversible cyclic crack tip displacement, Du,
correlation. Fig. 10 demonstrates both nemit and Du show similar
trends to emax and eirr measured in the experiments.

In order to quantify the effects of pre-existent near-tip disloca-
tions, we placed 2 and 3 crystal dislocations in the matrix region
between the crack tip and the first twin lamella. The inter-twin
spacing and twin thickness are taken as equal. The resulting
threshold values for this scenario are shown in Fig. 11. Due to
shielding effects, the number of dislocations emitted from the
Fig. 10. Quantification of the degree of irreversibility at the crack-tip as the crack
length continues to grow in the dislocation based simulations. The trend complies
with the experimental measurements as presented earlier.



Fig. 11. The effect of the number of pre-existent dislocations, nC (between the
crack-tip and the twin boundary) used in the dislocation based simulations. It
clearly has a significant effect on DKth

eff .
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crack tip decreases and the total irreversibility is reduced. The sim-

ulation results show a significant increase in DKth
eff for the case of

pre-existent slip compared to the initially dislocation free scenar-

ios. Although DKth
eff is 4.8 MPa

ffiffiffiffiffi
m

p
for the dislocation free scenario

(nC = 0) for 10 nm twin thickness; in the presence of and 2 and 3

crystal dislocations, e.g. nC = 2 and nC = 3 respectively, DKth
eff

increases to 6.1 MPa
ffiffiffiffiffi
m

p
and 6.6 MPa

ffiffiffiffiffi
m

p
.

Two scenarios, keeping constant t and s at 30 nm and varying
the other, were devised in order to quantify the individual effects
of these two geometrical parameters. The results shown in
Fig. 12 indicate that decrease in either t or s levels results in an

increased DKth
eff . DK

th
eff is elevated to 4.4 from 2.7 MPa

ffiffiffiffiffi
m

p
in case

of decreasing t from 60 nm to 10 nm. The same amount of refine-

ment of inter-twin spacing results in an increase of DKth
eff from

2.9 to 4.8 MPa
ffiffiffiffiffi
m

p
. These results comply with experimental results

for Ni–Co and Ni–Co 600 HT since Ni–Co has higher volume frac-
tion of twins which results in lower s and t.
Fig. 12. The decreases in the twin thickness, t, as well as spacing, s, improve the
fatigue damage impedance by elevating threshold value. The blue data represent
variation of t (at a fixed s value of 30 nm). On the other hand, the red data represent
the change in threshold value under fixed t of 30 nm. (For interpretation of the
references to colour in this figure legend, the reader is referred to the web version of
this article.)
4.5. Comparison between simulated and experimental results

In order to compare the Mode III simulation results with the
experimental data corresponding to Ni–Co and Ni–Co 600 HT in
Mode I, Du values evaluated in the simulations must be converted
to the equivalent Mode I da/dN. In Mode III, the screw dislocations
are emitted along the slip planes parallel to the crack plane. How-
ever, under Mode I loading, the critical local stress intensity factor
for dislocation emission is evaluated to be minimized at an inclina-
tion angle of 70.5� [37]. Hence, the dislocations are emitted along
the slip plane at an inclination of 70.5� in Mode I. In that regard
using Eq. (14) enables to project the Mode III irreversibility values
(in the simulations) onto the experimental data measured in Mode
I. In Eq. (14), a trigonometric factor of cosð70:5�Þ is included to con-
vert Du values to Da values in Mode I [44].

da
dN

¼ Du cosð70:5�Þ ¼ nresb cosð70:5�Þ ð14Þ

Next, we attempt to predict the multiple threshold behaviors as
observed experimentally. As elucidated earlier, depending on the
twin thickness/spacing and/or pre-existent dislocation density,

the DKth
eff levels would vary substantially. We predict the experi-

mental levels of the threshold by tailoring these factors as pre-
sented in Fig. 13. The simulations demonstrated that different
bands of predictions (represented by red, blue and green) corre-
sponding to the average twin thickness values (and also twin spac-
ing, s) of 55 nm, 40 nm and 25 nm respectively. The bands were
bounded with a variation of ±5 nm. The yellow band is obtained
by considering the twin thickness and spacing values varying
between 55 and 40 nm. The red, blue and green bands correspond
to 2, 3 and 4 crystal dislocations per each twin and matrix lamella.
These results in Fig. 13 indicate that variations in these aforemen-
tioned parameters can actually capture different DKeff values from
the experiments.

Agreement of the predictions with the theory in Fig. 13 bears
important mechanistic implications regarding the NiCo threshold
behaviors. As observed from the TEM analyses, the twin
thickness/spacing and the dislocation density differ significantly.
Therefore, given the simulation-observed sensitivity of the
near-threshold fatigue behavior on the foregoing factors, it is only
reasonable to assume that the experimentally measured scatter in
the threshold regimes is a result of various magnitudes of twin
thickness/spacing and dislocation density.
5. Discussion

From the experimental results (Fig. 2), we note that the heat-
treated Ni–Co has lower fatigue crack growth impedance com-
pared to as-received materials both in near threshold regime and
Stage II. The DIC-measured values for near-tip irreversible strain
eirr suggest that the slip irreversibility is higher for Ni–Co 600 HT
compared to the as-received Ni–Co. With the experimental mea-
surement of effective stress intensity from the displacement fields,
the operational extrinsic effects (e.g. closure phenomena) are
already accounted. From the TEM analyses, the principal difference
between the heat-treated and non-heat-treated materials is
observed in the distribution of relative twin thickness and spacing.
The heat-treated materials underwent coarsening in terms of these
characteristic twin dimensions. Hence, the observed difference in

DKth
eff values can be reasonably attributed to the intrinsic effects

(e.g. twin thickness/spacing), which dictates the crack growth
behavior.

The current experimental results clearly demonstrate that nan-
otwinned Ni–Co alloys possess superior fatigue resistances (as

indicated by the currently measured DKth
eff levels) with refinement



Fig. 13. Superimposition of experimental and theoretical da/dN vs DKeff for Ni–Co and Ni–Co 600 HT. The predicted values are presented as colored bands to provide bounds
for the experimental values. The variations in the predictions are obtained based on a range of averaged values for twin thickness, spacing and crystal dislocation density from
the TEM images. The averaged hsi values are of the same values as that of hti, and the number of dislocations, nC are 2, 3 and 4 for red, blue and green respectively. (For
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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of the microstructure. Similar observation is reported by Sangid
et al. [13] for the nano-twinned Ni–Co alloys of different composi-
tions. Enhanced damage properties in the presence of nano-sized
twins in pure Cu have also been experimentally observed by Singh
et al. [12]. Most recently, other researchers have also undertaken
both experimental and modeling endeavors to cast light on the
mechanistic origin of the cracking behavior in nano-twinned
microstructure [6,45]. In the current work, utilizing the concept
of near-tip slip irreversibility, we forward a theory to explain the
currently observed experimental trends as well as those in the lit-
erature. In doing so, we consider the crack-emitted slip interacting
with CTBs, leading to most reversible cyclic slip.

It is well established in the earlier literature that the near-
threshold fatigue crack growth is microstructure-sensitive, and is
decided by the nature of near-tip slip and slip–barrier interactions
[46,47]. For the current nanotwinned Ni–Co alloys in question, the
central role of CTBs would be manifested in the form of their
unique capability of allowing either easy slip transfer or obstruct
the glide. The specific outcome of slip–CTB reaction is reportedly
dependent on the local stress state (i.e. on the incident, boundary
and outgoing slip systems), and the associated slip geometry
[20]. Recent findings by Chowdhury et al. [16,21] suggest that an
increasing magnitude of residual slip, br, at the twin boundary
can be correlated with enhanced irreversible slip as triggered by
a differential of forward and reverse plastic flow at the interface.
Increased irreversibilities due to the flow differential would inevi-
tably elevate crack growth rate in near threshold regime. In this
regard, the cross-slip phenomenon is likely to incur the most
reversible slip trajectory during a fatigue cycle, due principally to
the absence of any br (hence, no flow differential) at the boundary
[16,19]. In the early literature, the phenomenon of cross-slipping at
the CTB has been addressed quite extensively using molecular
dynamics framework [48,49]. We have built on these foundations
laid by the earlier researchers in applying to the current fatigue
problem.

The very absence of br for cross-slip case removes the forward
and reverse flow differential during the fatigue cycle, and hence
renders the glide path more reversible. Given the present experi-
mental observations of superior fatigue crack growth resistance
in presence of nanotwins, the theoretical study of cross-slip on fati-
gue resistances is justified. On the theoretical grounds (at both ato-
mistic and continuum levels), we have predicted fatigue crack
growth metrics based the CTB-induced cross-glide, and the results
compare well with the experimental behavior of the nanotwinned
Ni–Co alloys. With the current theory, we identify the role of three
particular parameters that would readily affect the crack growth
resistance: (1) the frictional stress rBarrier

F , (2) twin nano-
dimensions (i.e. lamellar thickness, t, and inter-twin spacing, s)
and, (3) the pre-existent dislocation density in the near-tip zone.
We discuss the individual contribution of these factors as follows.

The strength of CTBs in obstructing dislocation glide rBarrier
F is

mainly determined by the geometry of slip–twin interaction mech-
anism and can also depend on alloy composition [35]. The trends in
Fig. 9 show the enhancement of fatigue damage impedance as a
result of various values of rBarrier

F for the cross-slip case. With
increasing values of rBarrier

F , the dislocation motion is obstructed
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by a greater extent. The obstruction of crack-emitted slip influ-
ences the degree of the cyclic slip irreversibility, which in turn con-
trols the incremental crack extension. To illustrate how increasing
rBarrier

F influences the irreversibility, let us consider a hypothetical
case of a boundary with very large rBarrier

F , at which slip is com-
pletely obstructed. In such case, the crack-emitted slip remains
in the close vicinity of the advancing crack, and can easily glide
back towards the crack during the load reversal. This situation
would lead to a highly reversible slip motion. In other words, in
case of no flow stress differential (i.e. for cross-slip case), the grad-
ually increasing rBarrier

F (which represent both forward and reverse
flow strength) would impart a greater fatigue crack growth
resistance.

In addition to the CTB strength rBarrier
F , we observe that there

also exists a beneficial effect of the reduced twin dimensions (i.e.
lamellar thickness and inter-twin spacing) on the damage resis-

tance of nanotwinned alloys. The DKth
eff level demonstrably

improves with decreasing thickness/spacing. With the current dis-
location simulations, we have shown the mechanistic origin of
such effect in terms of the increasing density of twin boundaries
in front of the advancing crack. For instance, within a certain dis-
tance from the crack-tip, refinement in the twin thickness/spacing
essentially results in an increased number of boundaries, to be
encountered by the crack-emitted slip. As a result, the degree of
overall dislocation obstruction would be greatly enhanced i.e. the
prevalence of slip-barriers creates increased shielding against the
near-tip plastic flow. A reduced extent of crack-tip plasticity would
in turn incur lower slip irreversibility. Since the incremental crack
extension is directly proportional to the slip irreversibility, the
crack growth is therefore significantly suppressed. This effect is

reflected in terms of a substantial enhancement of the DKth
eff levels

with decreasing twin thickness/spacing.
The initial dislocation density in the near-tip region is another

crucial factor, which decides the crack growth resistance. From
the current simulations, the role of pre-existent near-tip disloca-
tion is observed to be governed by the sign of the Burgers’ vector.
If the initial dislocations have the same sign as the crack-emitted
slip, the repulsive forces between them would suppress the very
emission process. Due to the suppression of crack-induced slip
emanation, the overall cyclic slip trajectory becomes more reversi-

ble. This effect is quantified in the form of enhanced DKth
eff with

increasing initial dislocation numbers, nC (in Fig. 11). The role of
prior dislocations of opposite sign is insignificant since they are
eventually annihilated with the crack-emitted ones, thereby
posing no shielding effects.

In summary, the examination of experimental data for Ni–Co
600 HT (Fig. 2) has indicated that DKeff spans a larger spectrum
of values in near threshold regime unlike Ni–Co. With the current
simulation results, we show that the spatial variation of t or s
values on the crack path has considerable influence on the crack
growth behavior. The predicted values under an average t, s and
initial dislocation density values (highlighted as red, yellow, blue
and green) are compared side by side for Ni–Co and Ni–Co 600
HT. Since the as-received Ni–Co was not subjected to twin coarsen-
ing heat treatment, its homogeneous microstructure distribution
bounds DKeff in a constant slope zone. As opposed to this trend,
Ni–Co 600 HT shows a transition in the slope because of various
distributions of twin thickness/spacing values due to heat
treatment. That is why, in our modeling considerations, we have
utilized the average thickness/spacing to predict the experimental
behavior.

The primary contribution of the current theory is to predict
the crack growth resistance for the case of cross-gliding of
crack-emitted slip at a CTB (leaving zero residual slip, br). Such
consideration is particularly important, in that the cross-slip
results in the maximum reversibility of the slip trajectory. Chowd-
hury et al. [16] demonstrated that the slip transfer mechanism
with non-zero br generates a flow strength differential for forward
and reverse glide. As pointed out earlier, the existence of such flow
differential promotes cyclic slip irreversibility, which in turn is
proportional to the crack growth rate. In that regard, the currently
considered cross-slip case, having zero br, is the most important
slip–CTB interaction mechanism, leading to the greatest crack
propagation impedance. The predicted values of the damage toler-

ance metrics (expressed in terms of DKth
eff ) manifestly supports the

present assumption. Moreover, we have particularly identified the
most pertinent microstructural variables, namely, twin thickness/
spacing, prior dislocation presence and barrier strength. Exploring

the roles of individual parameters on the predicted DKth
eff levels pro-

vides important mechanistic understanding of how to achieve
optimized microstructure for maximum damage tolerance.
6. Conclusions

In this study, we have analyzed the fatigue crack growth
behavior of nanotwinned Ni–2.89 wt.% Co both experimentally
and theoretically. Tailoring the twin thickness and spacing by heat
treatment enabled to unveil the effects thereof on the fatigue
damage resistance. To pinpoint the physical mechanisms govern-
ing the crack advancement, dislocation motion simulations were
conducted as informed by the underlying atomistic parameters.
The current work reveals the following:

(1) From experiments, the high volume fraction of twins is
observed to impart enhanced fatigue damage impedance.
The improved damage resistance can be directly associated
with a reduced degree of the measured irreversible strain
levels at the crack tip. These findings pave the way for the
further exploration of the physics of microstructure-
sensitive crack propagation theoretically.

(2) Given the high damage resistance as determined experimen-
tally, the crack-emitted slip–twin boundary interaction cor-
responding to the maximum reversibility i.e. the cross-slip
case is studied in molecular dynamics simulations. Particu-
larly, energy barrier to cross-glide is quantified, and fed into
Peierls–Nabarro formulations in order to extract the corre-
sponding friction stress. The predicted friction stresses con-
stitute an essential ingredient in formulating a
comprehensive fatigue crack growth model so that we can
assess the critical role of the nano-twins on the cyclic dam-
age behavior.

(3) The most important revelations obtained from the disloca-
tion based fatigue simulations concern the quantification

of the damage resistance (in terms of DKth
eff ) subjected to

the variations in: (i) the frictional stress levels, (ii) pre-
existent near-tip slip, and (iii) the twin lamellar thickness
and spacing. These findings are unprecedented and conform
to the current experimental observations as well as those in
the literature.

(4) The most important contribution of the current work can be
deemed as forwarding a physically based model to assess
the century-old empirical fatigue problem. Particularly, we
have demonstrated what necessary parameters and/or tools
from the existing literature could be utilized to solve the
fatigue problem, which also bears future potential for
expansion.
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Appendix A

In presence of a dislocation, the atomic registry across the slip
plane deviates from the equilibrium configuration. The nature of
disregistry of a dislocation is based on the local displacement dis-
tribution as given in Eq. (A.1) [50].

f ðma0 � u�Þ ¼ bpar þ bpar

p
tan�1 ma0 � u� � 1

2wðu�Þ
n

� ��

þ tan�1 ma0 � u� þ 1
2wðu�Þ

n

� ��
ðA:1Þ

In the disregistry function expression, f(ma0 � u⁄), a0 is the
lattice periodicity in Burgers’ vector direction of the partial disloca-
tions and is equal to 2d=

ffiffiffi
6

p
for face centered cubic lattice structure

[16]. bpar is the magnitude of a partial dislocation given by |1/6
[112]|. m index represents the discrete lattice structure and it
can range from +1 to �1 depending on the convergence. It ranges
from 0 to 2b which is the magnitude of the each partial dislocation
forming the full screw dislocation. n is the dislocation core half
width, xc/2, and w is the separation distance between leading
and trailing partials as a function of u⁄ collected from the MD
simulation data. The misfit energy can be calculated by Eq. (A.2).
Note that cus for cross-glide case is evaluated as 362 mJ/m2

whereas it is 305 mJ/m2 for the unobstructed glide. The expres-
sions for the elastic energy, Eelastic, and the work done, W, can be
seen in Eqs. (A.3) and (A.4). R is the crystal dimension and taken
as 500 times of n.

Emisfitðu�Þ ¼
Xm¼þ1

m¼�1
cðf ðma0 � u�ÞÞa0 ðA:2Þ

Eelastic ¼ Gb2

4p
ln

R
n

ðA:3Þ

W ¼ rFb ðA:4Þ
One of the essential ingredients of predicting rF and/or rBarrier

F

within PN formalism is the fault energy profile (i.e. the so-called
c surface), which traditionally been treated as a mere sinusoidal
curve on an ad hoc basis. As a result, an exponential expression
for Peierls (friction) stresses [40,41,50] has been proposed in the
previous literature. Moreover, the traditional PN stress formulation
does not have any provision for an input to predict the extrinsic
levels of friction stress (e.g. under the influence of local stress).
Thus, it is important that the friction stresses be solved numeri-
cally within the fundamental PN premise as outlined above, which
would be the most accurate strategy to obtain the CTB-influenced
stresses. To that end, one requires the precise shape/size of the c
surface. As a result, one is able to correctly capture the inherent
material resistance to slip in the form of discrete lattice energetics.
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